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Abstract

There is an increase in the hardness of tri-layer nanolaminate metallic films (Cu/Ni/Nb) after
annealing at 300°C, indicating the likelihood of a change in the microstructure. In this current
study Cu/Ni/Nb tri-layer and CuNi/Nb alloy multilayer films were subjected to a range of
annealing conditions in vacuum to determine the extent of microstructural and strength change
resulting from both different temperatures and annealing times. X-ray diffraction measurements
were conducted on pristine and annealed films to determine if the increased hardness was a result
of alloying, oxide formation, or intermetallic formation. While the peak ratios did show a change
from the as-deposited condition, no obvious intermetallic peaks developed in the majority of the
annealed samples. TEM results showed the development of a very thin NixNby layer forming on
either side of the Nb layer in both tri-layer and alloy films. Post annealing nanoindentation results
verified that all annealing conditions resulted in increased hardness for all annealing temperatures
and times. However, there is a peak annealing temperature and time that is different for the two
different multilayer systems. The hardness of the alloy film continues to increase as the annealing
time at 300°C increases, while the 30 nm tri-layer film peaks at an annealing time of 3 hours before
dropping again. All films show a peak hardness from the 500°C annealing condition, matching
with a thicker NixNby layer at the incoherent boundary. This multilayer system has shown an
interesting increase in strength with annealing that is not typically seen in other nanoscale metallic
multilayer currently being investigated and will likely be a candidate for aging treatments similar
to bulk Al alloys. The increase in strength is a direct result of intermetallic formation as a result of
the Ni and Nb interaction. This phenomenon can be implemented in a variety of different
multilayer systems to achieve even higher hardness values, which could be desirable in other hard

coating applications.



CHAPTER 1 : Introduction

1.1  Motivation

Increasing the useful lifespan of technical components is a recurrent objective and technical
challenge for any engineering application. Many components fail as a result of mechanical
degradation over time; this is often directly linked to operating conditions, whether that is through
fatigue, wear, thermal cycling, high impact bombardment, radiation, or a gamut of other
possibilities. In order to increase the lifetime of some components hard coatings can be applied as
a mechanical barrier, which protects the main component underneath. These hard coatings are
utilized in countless applications ranging from tribological to electrical, optical, or even
radiological barriers.

Two of the most common sources of failure, one of which is the particular focus of this
investigation, are operational degradation from thermal annealing and wear. In either case the
microstructure of the material is compromised and leads to softening, which in turn leads to
macroscopic failure. In order to combat this type of degradation, hard coatings can be tailored to
resist such microstructural changes. Nanocomposite materials have been known to show
remarkable strength due to the small intrinsic length scales. The intrinsic size relationship for
nanocomposites has been under investigation for decades, attempting to understand the underlying
mechanisms responsible for deformation. These mechanisms continuously change as the length
scale decreases from micro-scale to the nano-scale and are dependent on dislocation interactions
with the increasing number of interfaces, whether they be grain-boundaries or interfaces. At
extremely small length scales, the strength once again begins to decrease as dislocations overcome

boundary barrier strengths.



One such system that has been studied extensively over the past few decades are nano-
scale metallic multilayers (NMM) due to their atypically high strength and surprising durability in
harsh environments. The strength and deformation response of these materials are directly related
to the nature of their interfaces. Coherent interfaces are generally weaker but often exhibit greater
ductility than incoherent interface systems. A mixed interface system has shown superior
properties of both interface types leading to higher strength, greater ductility, and significant strain-
hardening ability and is the focus of this investigation. Thus far, the reliability of these systems in
conditions closer to actual operating environments has not yet been investigated and is the focus
of the current investigation. Since annealing inherently changes the interface of the multilayers,
whether it is through triple point formation, alloying, or spheroidization, over time the yield
behavior and deformation of the multilayers will be negatively affected. Annealing has the
potential to negatively affect all forms of strengthening techniques, not just multilayers, especially

when the number of interfaces increases.

1.2 Common Strengthening Mechanisms and Their Limitations

Many different techniques are typically used to increase the strength of a material,
depending on the application and desired results. Some of these techniques include the control of
grain size [1]-[4], deposition of nano-laminate structures [5]-[7], and the addition of solid solution
impurities [3], [8]-[11], precipitates or oxide particles [9], [12], [13], all of which have the
potential to degrade when used under elevated temperature service conditions.

One way in which grain-boundary mobility can be suppressed is by adding impurities into
the microstructure to act as stabilizers [11], [14], [15]. In one particular study, samples with lower

impurity concentrations exhibit significant grain growth in the deformed region of the sample



while the grain size in the un-deformed regions remains the same as the as deposited condition
[16], a classic example of stress-induced grain growth. In contrast, grain growth in the deformed
region of a high impurity concentration sample is suppressed, suggesting that impurities are
effective in decreasing grain growth by pinning grain boundaries, thus reducing grain boundary
sliding, rotation, and diffusion. This stabilization technique can be applied to both solid-solution
strengthened as well as oxide dispersion strengthened (ODS) materials. However, impurities in
solid-solution strengthened materials can segregate to the grain-boundaries over time, and this
behavior can be accelerated as a result of annealing. While this doesn’t necessarily mean the
material would no longer exhibit grain size stabilization, it does reduce the solid-solution
strengthening benefit.

Precipitation strengthening uses small precipitates to act as barriers to dislocation motion
as well as Frank-Read dislocation sources. This technique is often used in strengthening of
aluminum to create lightweight, high strength metals for use in aviation and other technical
engineering applications. This type of strengthening is more stable than solid solution impurity
strengthened materials because diffusion of the precipitate is more difficult than the diffusion of
individual impurity atoms, leading to less diffusion to the grain boundaries. However, precipitation
strengthened materials can also undergo Oswald ripening where atoms from smaller precipitates
diffuse to larger precipitates causing them to grow at the expense of the smaller ones increasing

the interparticle spacing and thus reducing the material’s strength.

1.3 Strengthening Mechanisms in Nanoscale Metallic Multilayer Systems

Nano-scale metallic multilayers also have an intriguing ability to increase strength, similar

to the way in which grain size reduction increases the strength of a material, with strengths far



exceeding those of corresponding bulk metals [17]. The strength is highly dependent on the
individual layer thickness, interface type, and material selection leading to a wide variety of
properties, which could be tailored to suit specific applications. At larger layer thicknesses, down
to a few hundred to several tens of nanometers, the strengthening relationship follows the Hall-
Petch relationship (o o 1/d?) [4], which is also seen in non-layered microstructures. As the layer
thickness drops below a certain point, the strength increase more rapidly than the Hall-Petch model
predicts, indicating a change in the deformation mechanism from traditional dislocation pile-up to
a different mechanism depending on the interface structure.

The type of deformation mechanism occurring in the multilayers is highly dependent on
the interface morphology and can be separated into two general categories: coherent and
incoherent interfaces. Coherent interfaces occur in multilayer systems consisting of materials with
similar crystallographic structures (i.e. Cu-Ni) but a lattice spacing mismatch. This mismatch
causes a tensile strain in the layer with larger lattice spacing and a compressive strain in the other
layer, which results in a coherency stress [18]. The stresses begin dropping off as the distance from
the interface increases. Therefore, as the distance between two interfaces decreases, the less the
stress is allowed to relax and the stronger the film becomes. Misfit dislocations are also likely to
appear along the interface to relieve some of the stress; these dislocations can act as barriers to
other dislocations and further increase the strength. Additionally, since the crystallographic
structures are the same in both layers, and many coherent systems grow epitaxially, slip systems
are continuous. This leads to dislocation transmission across the interface and results in reasonable
ductility as well as an increase in strength.

On the other hand, incoherent interfaces are constructed of layers with different

crystallographic structures (i.e. Cu-Nb), with no continuous slip plane and thus are much stronger



barriers to slip transmission [19], much like grain boundaries with transmission only occurring
when the strength overcomes the barrier strength. While this type of interface is often stronger
than the coherent system, it is also more brittle due to shearing of the interface. The deformation
mechanism for this type of interface at small layer thicknesses is the confined-layer-slip (CLS)
mechanism, which has been observed in many different systems [19]-[21]. As there is no longer
sufficient room for dislocations to build up against the interfaces, dislocations instead glide
through a single layer, bowing along the interface and leaving dislocation debris, in the form of
misfit dislocations. This debris in turn interacts with passing dislocations leading to an increased
flow stress and strain-hardening. Once the layer thickness decreases below a few nanometers,
dislocations can no longer bow due the extremely small radius of curvature of the propagating
dislocation. At this point, the strength in the film is high enough to overcome the interface strength
and dislocations can cut straight through. In some cases, there is actually a softening in these
extremely thin layers which has been shown to be a result of increased dislocation nucleation and
propagation [22]. A summary of this strength to layer thickness trend is schematically shown in

Figure 1-1.
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Figure 1-1. Schematic of controlling deformation mechanisms occurring in multilayers with

incoherent or weak interfaces at different layer thicknesses.

Tri-layer systems have a combination of both coherent and incoherent interfaces and have
been suggested to possess properties of both types of interfaces through dislocation dynamic
simulations [14, 21-23]. These films suggest that the strong incoherent interface in combination
with the coherent interface can lead to additional strain-hardening [24]. The Cu-Ni-Nb tri-layer
system has been investigated using two different nanoindentation techniques to investigate the
extent of strain-hardening occurring in these layers. The first technique tests the hardness of the
material using tips with two different included angles, which create different effective strains under
the indenter tip [27]. Results from bulge testing (~0.2% strain) and nanoindentation with a

Berkovich (~8% strain) and cube-corner (~22% strain) tip were used to approximate the stress-
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strain curve of Cu-Ni, Cu-Nb, and Cu-Ni-Nb multilayers, Figure 1-2. The tri-layer system started

with the lowest strength at 0.2% effective strain, but managed to surpass both other bi-layer films,

suggesting a higher strain-hardening behavior.
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Figure 1-2. Stress-strain curves approximated from nanoindentation and bulge testing

techniques on Cu-Ni, Cu-Ni and Cu-Ni-Nb multilayers with individual layer thicknesses of

20 nm. Lines are curve fit approximations from the data points [24].

Additionally, scanning probe microscopy images of the indents show tri-layers having less

pile up than both bi-layer systems, indicating increased strain-hardening ability. Both of these

results substantiate each other, experimentally indicating that tri-layer films would show a higher

strain-hardening exponent than bi-layer systems. However, molecular dynamic simulations



indicate a different trend where the strength for the tri-layer system actually starts higher than both
bi-layer systems at small strains and lies in between Cu-Ni and Cu-Nb at larger strains [25],
suggesting a lower strain-hardening ability than the Cu-Nb system. Since these results are
inconsistent with the experimental results discussed previously, more direct measurements of the
strain-hardening ability of these films is required. The differences in these predictions of strain-
hardening behavior could be a result of small variations in interface structure or loading conditions,
which suggests a more robust understanding is needed.

Tri-layer films generally follow the same deformation mechanism as incoherent interfaces,
where confined-layer-slip is dominated at small layer thickness. The dislocation is contained in
the Cu/Ni bi-layer and bows along the Ni-Nb and Cu-Nb incoherent interface. The presence of the
coherent interface in the center of this threading dislocation causes a “super threader” dislocation
[28]. As these super threaders propagate, dislocation debris is deposited at the incoherent interface,
causing this weak interface to shear. The sheared interface then produces internal shear stresses in
the system and combined with elastic mismatch between the two materials, causes cross-slip to
occur. This cross slip acts as an additional barrier to dislocations, making propagation increasingly
difficult and adding to greater strain-hardening behavior over the bi-layer systems [28]. This ability
to cross-slip is not seen in the bi-layer systems, since the effect only occurs at high stresses with a
continuous FCC-FCC system. Without the added strength from the Nb layer, Cu-Ni bi-layers

cannot reach high enough stresses to cross-slip, and therefore is unique to the tri-layer system.

1.4  Thermal Stability of Multilayer Systems
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The thermal stability of these NMM systems is crucial if they are to be used as hard
coatings in service conditions above room temperature. If the layered structure begins to degrade,
the strengthening benefit would be seriously compromised. Many studies have been conducted on
the annealing stability of NMMs, mostly focusing on incoherent interfaces [26-37]. An elevated
temperature nanoindentation study on thin film Cu [41] showed a 60% reduction in hardness as
the temperature increases by 100°C, coupled with a pronounced drop in modulus, whereas Cu-Nb
multilayer studies conducted at elevated temperatures showed only a 40% drop in yield strength
after a 200°C temperature increase [38]. This suggests the addition of a layered structure has the
potential to decrease the temperature sensitivity, allowing the thin film to maintain a greater
percentage of its strength at elevated temperatures. Since the thermal stability of thin films,
especially multilayers, is controlled by the tendency to decrease the internal energy of the system,
and multilayered structures have both high elastic strains and a high density of interfaces, it is more
preferable to rearrange the interface structure to help reduce the total energy in the system. This
can occur either through interfacial mixing, alloying, or layer breakdown due to triple joint
formation from the reduction of interfacial energy [42]. The extent of which any of these
mechanisms occur is dependent on the temperature, chemistry, and layer thickness.

Several detailed studies have been conducted on the thermal stability of Cu-Nb bi-layers
[19], [34], [38], [40], examining both mechanical and structural changes in the layers using
nanoindentation and micro-tensile testing. Due to their mutually low miscibility the Cu-Nb system
shows remarkable resistance to thermal degradation, maintaining a layered structure to
temperatures over 600°C, but is dependent on layer thickness, with thinner layers breaking down
at lower temperatures. Vacuum annealed freestanding Cu-Nb bi-layer films with individual layer

thicknesses ranging from 15 to 75 nm [19] showed films with layer thicknesses larger than 35 nm
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maintained a layered structure up to 700°C for several hours, with the only deviation from the
original structure being triple-joint formation, similar to that seen in Figure 1-3. Conversely, 15
nm layer thickness sample showed layer pinch-off and spheroidization after only half an hour at
the same temperature. There was also a significant drop in hardness in the 15 nm films after
annealing, whereas 75 nm layers showed a minimal drop in hardness, attributed directly to the

change, or lack thereof, in the microstructure of the film.

Figure 1-3. Schematic showing how triple joints form in annealed bi-layer films with grain

boundaries present in both layers.

Similarly, Economy et. al. annealed Cu-Nb films with 20 nm and 100 nm layer thicknesses
in a variety of atmospheres at 400°C for 30 minutes [34]. The 20 nm Cu-Nb samples showed a
significant loss of hardness even though other studies have shown thermal resistance above 400°C,
whereas the 100 nm sample maintained its structure and hardness. The different atmospheres had
a negligible effect on the change in hardness, indicating oxidation is not a major contributing
factor. Since a breakdown of the layered structure generally isn’t seen until higher temperatures,

the authors attribute the decrease in hardness to a change in the internal stress of the films, which
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is supported by x-ray diffraction (XRD) analysis, rather than a breakdown of the layers. Elevated
temperature micro-tensile tests of freestanding Cu-Nb films in Ar showed a significant drop in
tensile strength and elastic modulus as the testing temperature increased, with a corresponding
increase in ductility [38]. The structure of the layers was examined post mortem in both the
unstrained shoulder region and near the fracture surface. The unstrained, but annealed, shoulder
showed the original layered structure with triple-joint formation (as was seen in previous studies),
whereas the deformed region near the fracture surface showed grain elongation in Cu layers,
suggesting power-law or diffusion-based creep, along with grain rotation of the Nb layers,
suggesting grain boundary sliding. Strain rate tests were also conducted and suggest high
temperature deformation occurs as a result of dislocation glide and climb, as was indicated by the
calculated hardening exponent.

Elevated temperature testing on coherent interfaces is less common than for incoherent
systems like Cu-Nb since they are generally more miscible, like the Cu-Ni system, and readily
alloy at elevated temperatures [18], [43]. This could completely eliminate the benefit of the layered
structure, instead creating a solid solution Cu-Ni alloy. That being said, some elevated temperature
studies have been conducted, both experimental and theoretical. Due to the diffusivity asymmetry
between Cu and Ni, during the initial stages of annealing a transient interface sharpening along
with a shift in position and increase of the composition gradient is likely [43]. Eventually the
interfaces begin to broaden and there is complete mixing of the two regions, resulting in a loss of
the layered structure and likely a drop in strength. Similarly, Bunshah et. al. conducted elevated
temperature tensile testing of Cu-Ni multilayers, deposited at different temperatures and with layer
thicknesses over 100 nm [44]. Significant alloying was seen for samples that were deposited at a

substrate temperature of 625°C and for samples annealed above 600°C, though no mechanical
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testing was conducted on these samples to determine the effect on hardness and yield strength to
determine the relative strength drop as a result of alloying. This system also showed a greater
retention of strength in the higher layer thickness samples, likely due to the smaller likelihood of

complete alloying which would be seen in the thinnest layer samples.

1.5 Diffusion and Alloying of Components Used in Cu/Ni/Nb Multilayers

1.5.1 Cu-Ni System

When studying the annealing characteristics of materials with multiple components, one of
the first things to consider is how the different materials interact at higher temperatures. Binary
phase diagrams are widely used and have been well characterized for decades, and are the first
step to understanding how an alloy will form when undergoing heat treatments and annealing. The
phase diagrams for the components used in this multilayer annealing investigation are shown in
Figure 1-4 (Cu-Ni), Figure 1-5 (Cu-Nb), and Figure 1-6 (Nb-Ni). The first thing to notice from
Figure 1-4 is the complete miscibility of Cu and Ni, across all concentrations. This suggests that
with an increase in the annealing temperature, the chemically distinct Cu/Ni bilayers will start to
form the CuNi alloy. Since these two materials are completely miscible, the diffusion coefficients

[45] are also high with:

—61.7 kcal mol~1

Diyoni = 5.7x10"1exp( v
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) cm?/s
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where R is the universal gas constant (1.987 cal K* mol™) and T is the absolute temperature. From
these equations, the volume diffusion rates can be calculated at different temperatures. At 573K
(300°C) Ni will diffuse in to Cu at a rate of 7.62x10%3 cm?/s and Cu will diffuse into Ni at a rate
of 1.67x10%* cm?/s (with a small degree of uncertainty). These diffusion rates tell us that at 300°C,
Ni will diffuse faster into Cu than Cu will into Ni. However, both will occur at an extremely slow

rate.
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Figure 1-4. Cu-Ni phase diagram showing complete solubility at all concentrations. The two

a1 and a2 phases shown to exist in lower temperatures and higher concentrations of Ni, are

both FCC phases and are dependent on the Ni ratio in the CuNi alloy [46].
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As Cu and Ni begin to diffuse into each other and a CuNi alloy begins to form, the diffusion
rate will actually change as Ni (or Cu) now is diffusing into an alloy as opposed to the pure
material. Therefore, over time, diffusion rates will change depending on the CuNi alloy

concentration. The diffusion coefficients of Ni into different concentrations of CuNi alloy [45]:

" . 2 —49.7 kcal mol™1 2
Dyiscus.sarw) = 6-3x107° exp (T cme/s
* —66.8 kcal mol™1 2
Dyiocuas.aarwy = 17 €xp (T) cm</s

—74.9 kcal mol~? 2
—) cme</s

DISi—)Cu(13at%) = 35 exp

indicate that as the concentration of Cu increases in the alloy, the diffusion rate will increase as
the diffusion driving force decreases. At 573K (300°C) the diffusion rates of Ni into alloys with
78.5at%, 45.4at%, and 13at% Cu are 6.96x102! cm?/s, 5.63x102° cm?/s, and 9.47x1028 cm?/s
respectively (taking into account some degree of uncertainty). Therefore, as Ni begins to diffuse
into Cu, the diffusion rate will gradually decrease as the concentration of Ni increases, slowing
down the diffusion process. Given enough time, the Cu and Ni layers will reach an equilibrium
and create a fully alloyed layer. Once this has occurred, the tri-layer system will essentially become

a bilayer system similar to the alloy system also investigated in the current study.
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1.5.2 Cu-Nb System

The second combination that is important in these multilayers is the Cu-Nb system. In
direct contrast to the Cu-Ni layers, the Cu-Nb layers are essentially insoluble across the entire
composition range (Figure 1-5). These two materials are notoriously difficult to alloy, only
managing to alloy using extreme mechanical methods (e.g. high pressure torsion). From the phase
diagram (and previous annealing studies on Cu/Nb multilayers [30], [47]), it can be assumed that
these layers will not alloy when subjected to the annealing conditions used in this study. Since
these materials are completely immiscible, there will be little to no diffusion of the atoms into the

other layer.
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Figure 1-5. Cu-Nb phase diagram shows virtually complete insolubility up to a temperature

of about 1000°C [48].
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1.5.3 Nb-Ni System

One of the more complicated systems in these multilayers is the interaction of the Nb-Ni
layers. It is apparent from Figure 1-6 that many different intermetallics are possible across the
composition range, all of which form easily at lower temperatures. This suggests that any
annealing, even at modest temperatures, would create NbxNiy intermetallics. Depending on the
different diffusion rates of Ni into Nb, and Nb into Ni, the composition of the intermetallic could
be either NisNb7, NisNb, NisNb, or could even non-stoichiometric. X-ray diffraction will be able
to determine which intermetallic is favorable. However, depending on the distance from the
interface, there will most likely be a gradient Ni concentration which would result in NixNby of

different compositions.
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Figure 1-6. Nb-Ni phase diagram showing multiple possibilities for intermetallic formation

across different concentrations [49].
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1.6 Testing Techniques

1.6.1 Wafer Curvature

Wafer curvature is a thin film testing technique which tracks the changing curvature of a
film as it undergoes heating and cooling cycles. The difference in thermal expansion between the
film material and the substrate material causes the sample to curve into increasingly smaller radius
of curvature as the temperature rises. By tracking and calculating the changing curvature values,
the stress in a thin film on a thick substrate can be approximated by using the well-known Stoney
equation:

Estg?

T 6@ —v)t,R

(1-1)

where Es is the substrate biaxial modulus, ts is the substrate thickness, v is the film Poisson’s ratio,
tr the film thickness, and R is the measured curvature [50]. Typically, films are deposited onto
single crystal silicon wafers which have been well characterized over the years; therefore, as long
as the thicknesses of the film and substrate are known (v is typically estimated to be 0.3 for metals)
the stresses in the film can be tracked through different heating and cooling cycles. A theoretical
stress temperature relationship can be determined from the basic principles of thermal expansion
and plastic flow, shown in Figure 1-7, which are governed by thermally activated glide [50]. The
boundary lines (dashed lines) shown in the figure can be determined by the stress required for

plastic flow:

o=1 (1 - 1) (1-2)
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where 7 is the limiting stress at absolute zero and Tr is the temperature at which the flow stress
would go to zero. The sample will exhibit elastic behavior up to the point when it is heated or
cooled to the stress state which approaches one of the boundaries, then substantial plastic flow

occurs and the profile follows the limiting lines.
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Figure 1-7. ldealized stress-temperature profile based strictly off thermal expansion and

plastic flow where 6=t(1-T/T¥) [50].

A simple stress-temperature profile for a thin metal film on a Si substrate is illustrated in
Figure 1-8, where the initial portion of the heating curve is linear, indicating the stresses in the
film are still in the elastic regime and have not exceeded the yield stress. Once the film approaches
the plastic flow limiting line, the profile becomes non-linear and the film has reached the yield

stress of the metal at that particular temperature. While this stress vs. temperature relationship
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shown in figure 1-8 is quite idealized, many other factors could contribute to deviations from this

behavior including phase changes, grain growth, strain hardening behavior, etc.
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Figure 1-8. Typical stress vs. temperature profile indicating regions of elastic deformation

and plastic deformation.

1.6.2 X-ray Diffraction

X-ray diffraction is a quick, non-destructive technique often used to identify elements in a

given sample and determine any residual stresses that might exist in the film. In this technique, the

x-rays that penetrate the sample get reflected off at specific angles, unique to the crystal orientation

and lattice spacing following the relationship known as Bragg’s Law:
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2d sin@ = nA (1-3)

where d is the lattice parameter, 4 is the incidence angle, n is an integer, and 1 is the wavelength
of the x-ray beam. Each material has a unique pattern that can be used to determine the chemistry
of an alloy or powder. When a material is highly textured, or single crystalline, there will only be
one peak which corresponds to the crystallographic plane which is normal to the surface. For
example, a Cu (111) crystal will have a single peak at 20=43.3°.

For fine powders or polycrystalline samples, specifically ones with very small grain sizes,
the crystallite size can be determined from the full-width half-max (FWHM) of the peak of interest
where smaller crystallites result in significant broadening of the diffracted peak. Although the
crystallite size is not necessarily the grain size, it is often a close approximation. While this is a
very useful characteristic of XRD, it leads to some complications in multilayer measurements
which was seen in the current study and will be discussed in further detail in Chapter 4.
Additionally, the broadening of the peak makes it more difficult to pinpoint the diffraction angle
and thus makes it more difficult to determine residual stresses and exact chemistry. The residual
stress in the film can actually be inferred from the lattice spacing if the chemistry is already known.
Elastic strains in the lattice will cause either a smaller (for compressive stress) or larger (tensile
stress) lattice spacing when compared to films without intrinsic strains. First order residual stresses
can then be calculated from these elastic strains using the known elastic modulus and the well-
known Hooke’s Law (¢ = E-¢).

Since the nanolaminate systems investigated here are created using sputter deposition, most
often each layer is highly textured, making them ideal for XRD characterization. Both intrinsic
stresses which develop from deposition as well as any alloy resulting from deposition or annealing
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can be determined from the scans. XRD scans from each of the samples are compared to reference
peaks of pure materials to identify composition and determine the relative shift due to internal
stresses. After annealing, the films were once again examined using XRD, comparing peak to

valley ratios to determine the relative amount of alloying from annealing.

1.6.3 Transmission Electron Microscopy and Energy-dispersive X-ray Spectroscopy

Materials with nano-scale intrinsic lengths cannot be investigated with traditional
microscopy techniques such as optical or scanning electron microscopy. However, transmission
electron microscopy (TEM) has the capability of achieving atomic resolution and is typically used
to image NMM films with layer thicknesses on the order of a few to tens of nanometers. The bright
field imaging technique utilizes transmitted electrons to create an image of the material from the
scattered electrons. As the density and thickness increases, more electrons are deflected inside the
material and results in a darker image.

Diffraction imaging is another useful technique which allows for higher contrast images
based on atomic density and lattice defects in the material. This technique uses diffracted electrons
as opposed to transmission electrons, to produce diffraction patterns which are specific to the
material and crystallographic orientation. Any defect in lattice which would result in a change in
the diffracting planes (including dislocation, stacking faults, lattice strain, etc.) will alter the Bragg
diffraction and thus become visible in the resulting image. The dark field technique is ideal for
examining materials with very similar atomic densities (such as Cu and Ni) and for grain size and
orientation and is therefore the preferred technique for examining the films investigated in the

current study.
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Energy dispersive x-ray spectroscopy (EDS) is a technique used for elemental analysis and
chemical characterization of a material. This technique can be used in both scanning electron
microscopy (SEM) as well as TEM to determine the elements present in a sample. As a material
is hit with high energy electrons, some of those electrons will cause secondary effects in the atoms
of the material. One of these is the excitation (and subsequent relaxation) of electrons in the atom
which will emit characteristic X-rays depending on which energy state the electrons fall to. For
example, an electron which relaxes from the L shell to the K shell of a molybdenum atom will
emit the Ko X-ray with 17400 eV. Other combinations of electron relaxations will emit different
energies, all of which are unique to the particular atom. For lighter elements (Z<50), the K and L
X-rays are typically used for characterization since the energies these transitions emit are easy to
excite with mild incident energy as well as being easily distinguishable. A representative EDS
spectrum (Figure 1-9) [51] shows how this technique can be used to determine different elements
and their relative amounts based on the intensity of the peak. The two different Cu peaks belong

to two different excitation levels, the furthest left belonging to L, and the right peak from K.
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Figure 1-9. Example of an EDS spectrum taken from SiC-Cu composite interaction zone [51].

The sampling volume of this technique is quite often about the same size as the interaction
zone of the microscopy technique since the incident electron beams are responsible for emitting
the X-rays. For SEM, this volume is more than 1 pm? while for TEM the volume is much smaller
due to the sample thickness, which doesn’t cause the X-ray spread seen in bulk samples. Using
the STEM mode in the TEM beam widths and thus spatial resolution can be on the order of about
10 nm, allowing for area and line scans to determine composition across interfaces or determine

compositions of different fine particle phases.
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1.6.4 Nanoindentation

Instrumented nanoindentation has become an increasingly popular way to test mechanical
properties of thin films due to the ease and breadth of testing ability. Instrumented indentation
differs from typical hardness tests in both the fact that the load and depth are measured during the
test as well as the fact that the indents are extremely small, thus optical observation of the contact
area is difficult so contact area must be calibrated to indentation depth by indenting a standard
material, typically fused quartz or polycarbonate, at various depths. Based on contact mechanics
equations [52], material hardness and modulus values can be determined from the load-depth
curve. The initial portion of the unloading segment is purely elastic, with the slope S representing
the stiffness of the material, where S=dP/dh, and therefore can be used to calculate the elastic
modulus of the material. The stiffness however is indicative of both the elastic response of the
material and the machine response, therefore a combination of the material of interest and the tip

material yields a reduced modulus, Er, where:

1Nz S

E=-"Z

r ﬁzm- (1-4)

This reduced modulus is a combination of the sample modulus, Es, as well as the indenter tip

modulus, E;i, and is related through the contact mechanics equation:

Tt (1-5)

where vj is the Poison’s ratio of the indenter material and vs is the Poison’s ration of the sample.

Typical nanoindentation probes use a diamond tip, with Ei=1140 GPa and vi=0.07. The hardness
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of the material can be calculated by the relationship: H=Pmax/A, where Pmax is the maximum load
and A is the contact area.

The projected contact area of the indent is calculated using a standard material (with known
modulus) to calibrate a tip area function based on specific depths. Although this allows the
mechanical values to be quickly calculated from the indentation depth, it is also problematic if the
area function does not accurately depict the actual contact area to depth calibration. A large number
of materials exhibit either a sink in or pile up effect during nanoindentation [53] which can change
the actual contact area and thus the calculated reduced modulus and hardness of the tested material.
A material which exhibits perfectly plastic deformation would deform freely as opposed to
elastically deforming underneath the tip, this results in significant pile-up around the indenter, as
is depicted by the blue dashed line in Figure 1-10. This results in a much higher contact area than
is assumed from the tip area function calibrations, which in turn will depict a larger calculated
reduced modulus and, to a greater extent, the hardness values. Similarly, sink-in will have a smaller
actual contact area and calculate artificially small values for both the modulus and hardness.

Not only can material modulus and hardness values be determined, but depending on the
tip geometry the strain-hardening behavior can also be inferred. Based on the included angle of a
conical indenter tip, different local strains are created in the material immediately beneath the
contact [54]. Using this approximation, a Berkovich (6=65.35°) and cube-corner (6=45°) indenter
geometry correspond to an effective strain of approximately 8% and 22%, respectively [55]. Using
these effective strains the strain-hardening response of a material can be investigated, where a

material that exhibits strain-hardening will have a higher hardness when tested with a cube-corner

tip.
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Another technique for investigating the strain-hardening response of a material regards the
relative pile-up around the indenter. For if a material exhibits significant strain-hardening, it will
harden with increasing deformation and thus reduces the amount of pile-up occurring around the
indenter. Bower developed a relationship between the amount of pile up and the strain-hardening

response of the material [56]:

h_ k-1 (1-6)
a ktanf

where h is the height of the pile-up region, a is the contact radius, @ is the included angle of the
indenter and « is related to the strain-hardening ability of the material. Figure 1-10 shows a
schematic for a material that exhibits pile-up (blue line), sink-in (black dashed line), and neutral
deformation (red dashed line). As is annotated in the figure, the pile-up height drastically changes
the contact area at the same depth whereas sink-in reduces the contact area. Using a combination
of these two techniques, the strain-hardening response of the sample can be inferred, though the
specific strain-hardening exponent cannot be absolutely determined due to the complicated stress
state that exists under the indenter tip. To determine a value for the strain-hardening response of
the material, a uniaxial condition is required, leading to either micro-pillar or micro-tensile testing

techniques.
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Figure 1-10. Schematic of pile-up and sink-in effects on the contact radius during
indentation. Pile-up (blue line) occurs in materials which readily plastically deform whereas
sink-in occurs when the material can elastically account for the material being displaced by

the indenter.

Traditionally high temperature testing of materials has been limited to tensile testing of
macro-scale samples or static indentation, with elevated temperature instrumented indentation
(ETI) only increasing in popularity over the past few years. One of the main complications with
ETI is thermal drift [51-53] which occurs as a result of the temperature difference in the sample as
well as between the sample and the indenter tip. To overcome the internal temperature difference
the sample is typically allowed to come into thermal equilibrium typically for a minimum of one
hour, though the thermal gradient from the bottom of the sample contacting the heating stage to
the surface still exists. Another option is to heat the tip as well as the sample, which has been
shown to reduce the drift to less than 1 nm/s in some cases [58]. Even with the issues surrounding
ETI, this technique is quick, easy to use and provides reliable comparisons between samples and

different testing conditions even if the strain state is non-linear.
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1.7 Previous Annealing Studies on Tri-component NMM films

Previous ETI1 and elevated temperature micropillar compression investigations on these tri-
layer and alloy multilayer systems showed an increase in hardness and omax at room temperature
after annealing, which is not typically observed in multilayer systems. Figure 1-11 summarizes the
room temperature strength values for the as deposited and annealed conditions in all four films
with error bars showing the spread between the two tests performed. The majority of multilayer
systems show a breakdown of the layered structure resulting in an overall softening of the film
after annealing, whereas in the current study only the 5 nm Cu-Ni/Nb alloy incoherent interface
film showed a decrease in the room temperature strength as a result of the current annealing
conditions. This increase in strength as a result from annealing was also seen during elevated
temperature nanoindentation [60] and was suggested as being a result of precipitation of NbNi
particles along the interface, adding to the strength of the multilayer system as a whole. There are
a few different possible reasons why the 5 nm sample does not show this same trend. Either the Ni
in the alloy prefers to stay in the alloy rather than diffuse into the Ni and create precipitates, in
which case there would not be that additional strengthening mechanism, or annealing has caused
a breakdown in the layered structure likely resulting in spherodization, which has been seen to
occur in other bi-layer systems. Since the 30 nm film still shows increased strength after annealing,

it is more likely that layer breakdown is occurring in the 5 nm sample.
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Figure 1-11. Room temperature 6max Values for as-deposited and annealed conditions. Error
bars represent spread between two micro-pillar compression tests; values without error bars

only had one compression test.

An annealing study was conducted to mimic the temperature conditions encountered during
elevated temperature indentation and determine the effect of potential oxidation or alloying. If a
significant amount of oxide formed during annealing, the increased room temperature hardness
which was observed after annealing could be a result of a hard surface oxide layer rather than an
intrinsic property of the multilayers. Therefore, XRD characterization of annealed films is a crucial
step in understanding the nanoindentation results. All tri-layer films were annealed in ambient
laboratory conditions at 325°C for 4 hours and then allowed to furnace cool for approximately 6
hours. To examine the effect of decreasing oxygen content, the samples were also annealed in a

furnace with flowing Argon (reduced oxygen atmosphere). Both annealing atmospheres were

33



compared to the as-deposited films to determine changes in both the XRD scans as well as
nanoindentation hardness.

The films used in this study are the same as were used in the elevated temperature
indentation experiment. The as deposited condition for the 30 nm film is as expected, with distinct
peaks for Nb (110), Cu (111), and Ni (111) at 20 = 38.5, 43.3, and 44.5 respectively. The 10 nm
sample shows similar peaks but with more broadening, suggesting smaller grains [61], which is
expected since the grain size should scale with the individual layer thickness. The substantial peak
broadening in the 5 nm films causes the Cu and Ni peaks to merge and appear as a single peak
with a slight shoulder on the Cu side of the peak.

X-ray diffraction (XRD) was then performed on the post-annealed films to determine the
effect on the structure of the multilayers. The films were removed from the silicon substrate and
attached to a glass slide prior to testing using double-sided tape. Using a Bruker D8 Focus X-Ray
Diffractometer with Cu Ka source and high speed 1D Lynxeye detector, scans were run between

20 =20°to 80°, at 40 kV and 40 mA at a step size of 4 deg/min.
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Figure 1-12. XRD scans of ex situ annealing of (a) 5 nm, (b) 10 nm and (c) 30 nm layers for

as deposited, reduced oxygen atmosphere (ROA), and air anneal.
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Figure 1-12 shows the XRD analysis for the 5, 10, and 30 nm samples. The 30 nm layers
show a very slight change in peak ratio, but with a significant shift in the peaks as a result of
annealing. The Nb peak shifts to the left of the original peak whereas the Cu and Ni peaks shift
slightly to the right, indicating a developing compressive stress in the Nb layer and tensile stresses
in the Cu and Ni layers. The 10 nm sample also shows significant peak shifts, which could explain
the increased intensity where CuNi alloy should be. Since the Ni peak shift is nearly nonexistent
and the Cu shifts to the right, closer to the Ni peak, the amount of overlap between increases and
the resulting total intensity increases. However, with this technique it is impossible to determine
if the increase in intensity between the two primary peaks is strictly due to the peak shift or if there
is a small amount of alloying occurring between the two layers. The 5 nm film shows a completely
different story than expected. In this case, the Nb peak which should be occurring around 26=38.5
is extremely broad in the as-deposited condition and essentially non-existent in the annealed
conditions. The broad peak suggest an extremely small crystallite size, either signifying a small
grain size or a much smaller layer thickness than what was expected. Considering the 5 nm films
were deposited at a different facility than the other two films, this is not a surprising result. The
disappearance of the Nb peak with annealing suggests it could have possibly combined to create
intermetallic precipitates, ones that are too small to resolve with this system. Additionally, while
the other films show an increase in the intensity between the Cu and Ni peak, this 5 nm films
actually shows a sharpening which is most likely a result of peak narrowing due to grain growth

from annealing.
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CHAPTER 2 : Determining Onset of Plasticity and Phase Change

Temperatures

Wafer curvature experiments were conducted on a custom machine designed and built at
the Erich Schmidt Institute in Leoben, Austria. The wafer curvature chamber was put under
vacuum and allowed to come to pressure for at least 20 minutes, which results in a base pressure
of approximately 104-10° Torr. Each sample was cycled up to the desired temperature and back
to room temperature at a rate of 0.17°C/s for one cycle. Wafer curvature experiments were
conducted on each of the films to determine the onset of plasticity and potential phase change
temperatures. This technique is useful for determining the stress changes which undergo a thin
film on a thick substrate due to differences in thermal expansion. By tracking relative changes in
spot spacing the curvature of the sample as a whole can be determined and from there the stress in
the film can be determined. The Stoney equation which uses the measured radius of curvature, R,
and thickness of the substrate, ts, and film, tr, is used to determine the stress in the film:

Estg?

~6(1 - R 1

Of

where Es is the substrate biaxial modulus and v is the film Poisson’s ratio. As the temperature
increases, the differences in the thermal expansion of the film and substrate causes the sample
curvature to increase (radius of curvature decrease) and thus the stress in the film to increase.
The initial portions of the stress-temperature curves are rounded, possibly due to some
relaxation of initial deposition stresses. After this small curved section, all films undergo a linear
portion which correspond to elastic deformation of the film. For the multilayers in this

investigation, the initial heating slope should be the same since the base components are the same
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and the modulus is dependent on interatomic bonds and should not be dependent on the
multilayered structure. Since this doesn’t change based off layer thickness, and CuNi solid solution
is so close to both Cu and Ni, all elastic properties of these films should be approximately the
same. After the initial elastic portion of the heating curve, the stress slowly levels out as the
temperature increases, indicating the start of stress relaxation brought on by diffusion-based creep,
dislocation motion, interface sliding, grain growth, or phase transformations [50], [62]-[64], most
likely a mixture of multiple mechanisms depending on the stress and temperature state [65]-[67].
The stress at the onset of plasticity (omin) is unique for each film and is generally indicative of the
strength of the film. However, since the yield strength is a temperature sensitive property these
strengths cannot be directly compared, but rather used as a comparative study. As the temperature
increases it is easier to activate thermally controlled deformation processes; therefore, the onset of
plasticity is a coupled stress-temperature response with stronger films yielding at both higher
stresses as well as higher temperatures. The initial cooling portion of the curve is once again
indicative of the elastic response of the material, which will be approximately the same as the
elastic portion of the heating slope. If a drastic change in the cooling slope is observed, it likely
suggests a change in the composition of the film from annealing has occurred (e.g. development

of a new phase or intermetallic).

2.1 Single Wafer Curvature Cycle to 500°C
As a first, the films were cycled up to a temperature of 500°C to examine the stress-
temperature response at relatively modest temperatures and before the films delaminated. All films
were heated at the same heating rate (10 °C/min) and held at the maximum temperature for 10s

before cooling at the same rate (though actual cooling rate was much slower). Four different films
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were tested, tri-layer films and alloy films with both 5 nm and 30 nm layer thicknesses. However,
the alloy films kept the “FCC” layer thickness the same as the tri-layer films with CuNi alloy being

10 nm and 60 nm thick rather than 5 nm and 30 nm, respectively.

Figure 2-1 shows the stress-temperature curves for the 500°C wafer curvature test of the
tri-layers (top) and alloy (bottom) films. Each of the films show a similar initial heating curve up
to the yield point, indicating similar elastic properties, with the linear slope for all the films falling
within 20% of each other (See Table 2-1). After initial yielding (occurring at different temperatures
depending on the film), all multilayers undergo an additional increase in compressive stress which
is not normally seen in traditional wafer curvature tests. As was discussed in Chapter 1, the ideal
single phase (non-phase changing) material typically exhibits one elastic heating (increasing stress
with temperature) segment followed by a plastic heating (smaller increase in stress with increasing
temperature) with the slope of the stress-temperature curve approaching zero while the film is
plastically deforming. The presence of the additional “elbow” section in all of the films where the
film starts to yield for a short time before becoming stronger again until reaching a second yield
point at much higher stresses and temperatures, indicates an additional thermally activated
mechanism has occurred which is not typically seen in other systems. This phenomenon could
suggest the presence of a strengthening mechanism which occurs after the initial yield; whether it
is brought upon by the elevated temperature or increased stress is hard to determine. This could
indicate the development of intermetallic particles, strain hardening, oxidation, or a phase change

is occurring in the film.
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Figure 2-1. Stress-temperature profiles of (a) tri-layer films and (b) alloy films cycled to

500°C, with the solid lines showing the heating curve and the dashed line representing the

cooling curve.
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Another characteristic that is distinct to each sample is the temperature at which the initial
plasticity initiates, Tyieid. Since this is unique to each film and is suggestive of the film’s
temperature sensitivity, the higher the yield temperature, the more resistive it is to temperature
induced strength degradation. As can be seen from Table 2-1, the tri-layer films show a higher
resistance to elevated temperatures, with the initial yield occurring at higher temperatures than the
alloy films. However, it is also possible that this effect is also directly related to the different
thicknesses of the film since the alloy films are about half the thickness of the tri-layer films. The
most apparent difference is between the 30 nm layers with a 50°C increase in temperature

resistance in the tri-layer films while the difference between the 5 nm films is a more modest 15°C.

Table 2-1. Summary of 500°C wafer curvature results for alloy and tri-layer films

Tri-layer Alloy

5nm 30 nm 5nm 30 nm
Omax (MPa) 629.7 378.91 785.82 346.48
6min (MPa) -45.84 -215.28 -32.87 -195.08
Tyield (°C) 175.7 206.7 162.5 148.6
Tmin1 (°C) 340.6 362.6 269.5 187.5
Mheating (MPa/°C) -1.81 -1.80 -1.60 -1.40
Meooling (E) (MPa/°C) -1.74 N/A -1.31 N/A
Meooling (P) (MPa/°C) -1.74 -1.61 -1.31 -1.68
Acanneal (MPa) 323.7 167.9 479 -135

Another interesting aspect of the 500°C wafer curvature test occurs when the films start
their cooling cycle, specifically the 30 nm layer thickness films. The stresses in both the alloy and
the tri-layer films continue to increase even after cooling starts. Theoretically, as the sample begins

to cool the changes in the thermal expansion will reverse and the stresses should decrease.
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However, for these films the compressive stresses continue to increase which further suggests that
this is a thermally activated process, possibly due to the development of new phases from
annealing. The fact that the 5 nm films do not show this same trend hints that whatever mechanism
which is occurring in these layers has significantly slowed down or finished in the thinner layers
while not in the thicker layers. This once again hints at possible alloying occurring in the system

which can occur faster in the thinner layers since the diffusion distance is significantly smaller.
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Figure 2-2. Stress-temperature profiles of samples with (a) 5 nm individual layer thickness

and (b) 30 nm individual layer thickness, with the solid lines showing the heating curve and

the dashed line representing the cooling curve.
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Figure 2-2 shows a more direct comparison between the two interface systems, highlighting
the difference specifically from the different interface structures. As can be seen from the 5 nm
layer thicknesses, it is directly apparent that the alloy films begin to plastically deform before the
tri-layer films. This is also seen in the 30 nm layer thicknesses with the first plastic deformation
occurring nearly immediately. The cooling curves for the 5 nm films have the exact same slope,
suggesting similar microstructural changes have occurred in the system, even if they initially
started at different times. However, the 30 nm films show some difference in the cooling curve
which could indicate the change which is occurring in the multilayers is happening at a different

rate for the alloy and the tri-layer systems.

2.2 Single Wafer Curvature Cycle to 600°C

The stress-temperature profiles all of the films showed interesting behavior which started
around 500°C and suggest there could be additional effects beyond 500°C. Therefore, another
600°C wafer curvature cycle was conducted on new samples to examine this possibility. Figure 2-
3 shows the tri-layer films (top) and alloy films (bottom) cycled up to 600°C and verifies there is
indeed additional stress increase above 500°C, with all films showing an additional dip between
500°C and 600°C The most drastic difference is seen in the 30 nm tri-layer film which shows one
dip around 370°C followed by a second dip above 500°C after an additional 400 MPa increase in
the stress in the film. Table 2-2 summarizes the important characteristics of these curves, including
the heating/cooling slopes, yield temperature, and overall change in stress as a result of this
annealing condition. Even though the samples came from the same wafer, slight variations in the

thickness or local residual stresses in the film can cause a slight variation in the observed stresses.
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The same trends which were observed in the 500°C tests, are also seen at this temperature,
with tri-layer films showing higher temperature resilience than the alloy films. Also, the yield
temperature and temperature at the first minimum are approximately the same, ranging less the
10°C. This shows reproducibility of the results and verifies the validity of the trends observed.
Once again, the 5 nm tri-layer film delaminated upon cooling as the internal stresses became too
high. Interestingly, rather than the film strictly coming off of the surface of the Si wafer, the Si
actually fractures below the adhesion site. This indicates the adhesion between the multilayers and
Si is fairly good but the increased stress in the multilayers causes too much shear stress just below

the Si surface that the Si fractures instead.

Table 2-2. Summary of 600°C wafer curvature results for alloy and tri-layer films

Tri-layer Alloy

5nm 30 nm 5nm 30 nm
Gmax (MPa) N/A* 621.21 1050.7 651.4
S6min (MPa) -79.27 -311.16 -71.63 -257.82
Tyield (°C) 169 193 158 140
Tmin1 (°C) 335 375 283 187
Mheating (MPa/°C) -1.84 -1.82 -1.70 -1.51
Mecooling (E) (MPa/°C) -2.53 -2.67 -3.55 -1.65
Mecooling (P) (MPa/°C) -2.15 -1.56 -2.19 -1.41
Acanneal (MPa) N/A* 248 743 79

*Delaminated before reaching room temperature
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Figure 2-4. Stress-temperature profiles of samples with (a) 5 nm individual layer thickness
and (b) 30 nm individual layer thickness cycled to 600°C, with solid lines indicating the

heating curve and the dashed line representing the cooling curve.
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When comparing directly between films with the same layer thickness, the differences in
the temperature sensitivity are once again quite apparent. As the temperature increases above
500°C, the 5 nm films start to resemble each other quite closely, following essentially the same
heating and cooling path. The difference between these two films occurs before 500°C, indicating
the change in microstructure has already occurred in the thinner samples. The 30 nm films are still
significantly different up until about 550°C, where they start to behave similarly. The most
apparent difference between the tri-layer and alloy films is the much larger dip which occurs
between 500°C and 600°C in the heating curve for the tri-layer film, which isn’t present in the
alloy film (or at least occurs at a much lower temperature).

The mechanism behind the multiple dips in the heating curves is still unknown. Previous
studies conducted on passivated and unpassivated Cu films show similar stress drop response;
however, that system does not show the second drastic increase as is seen in these multilayer films.
The stress drop in the unpassivated Cu film is attributed to grain boundary diffusion [68], [69].
There are a range of possibilities which could lead to the observed stress drop (grain growth,
diffusion processes, dislocation motion, twinning, phase transformation, etc.) and more in depth
investigations are required. All of these methods are highly likely in these multilayer systems,
though combined with the significant increase in strength after the initial “dip” points strongly to
a mechanism which would also increase the strength of the multilayer such as the development of

intermetallics or strain hardening.
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CHAPTER 3 : Determining Change in Microstructure, Alloying, and Internal

Stresses

3.1. As-Deposited Microstructure Determined from XRD

X-ray diffraction (XRD) scans were conducted using a Bruker system with a Cu a x-ray
source in a range of 30°-100° at a resolution of 0.04° and a speed of 1.3°/min. The samples were
placed on a flat stage and measured using the line source and through a 5 mm filter. All measured
scans were compared to known standards of star or calculated quality based on the possible
intermetallics and alloys which can develop from this tri-component system. From the phase
diagrams, both NizNb and NisNb- intermetallics can possibly develop at the Nb/Ni interface. The
formation of a copper silicide is also distinctly possible if the Cu is able to diffuse through the Nb
bottom layer to the Si substrate as has been seen in recent investigations. Since the first layer is
polycrystalline Nb, followed by the Cu layer, the likelihood of some diffusion along the grain
boundaries to the substrate is probable, even if the miscibility of Cu in Nb is very small.

Figure 3-1 shows the as deposited XRD scans for 5 nm and 30 nm tri-layer films. Both
films are highly textured which is typical for physical vapor deposited metal films [70], with BCC
Nb showing strong (110) texture and FCC Cu and Ni showing a strong (111) texture. The
secondary (220) and (222) peaks are also visible between 80° and 100°, slightly more spread out
so the peaks are more distinguishable. The 5 nm films also show substantial peak broadening as a
result of the smaller layer thicknesses (similar to peak broadening as a result of small
grains/crystallites). In both tri-layer and alloy films the Nb layer also shows additional (100),

though at a much lower intensity than the (110) peak.
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Figure 3-1. X-ray diffraction experiments showing structure of Cu/Ni/Nb tri-layer films with
5 nm (top) and 30 nm (bottom) layer thicknesses. Peak merging from two different materials

that exhibit large peak broadening can result in a shoulder, as is seen on the 5 nm scan.

The 5 nm tri-layer sample does not show distinct Cu and Ni peaks, which at first glance
seems to be a result of alloying of the Cu and Ni layers. However, as was briefly mentioned earlier,

as the layer thickness decreases the crystallite size also decreases and thus causes significant peak
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broadening, as is specifically apparent in the Nb peak. When there is broadening of two peaks that
are very close together, the signals can overlap and add intensities, schematically depicted in
Figure 3-2. When this happens there will be shoulders on the combined peak from the portions of
the individual peaks that were not overlapping. This is seen on both sides of the 5 nm “Cu/Ni”
combined peak, more noticeably on the Cu side of the peak that is circled in the Figure. While this
doesn’t necessarily guarantee the layers are completely discrete, it does show that the layers are
not fully alloyed from the beginning. Once again, the Nb peak is shifted slightly to the right,

indicating a tensile stress exists in the as deposited film.

Figure 3-2. Schematic of how merging XRD elemental peaks can combine to create a
merged peak with shoulders as is seen in the as-deposited 5 nm tri-layer sample and later in

some of the annealed films.

The 30 nm films show very discrete peaks from each of the layers, corresponding to (110)
Nb (green- 38.5), (111) Cu, (red- 43.3), and (111) Ni (blue- 44.5). All three peaks are shifted

slightly to the right of the reference peaks indicating a tensile strain in the film. The extent of the
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peak shift is different for each peak, indicating a different amount of initial stress in the layers,
likely due to slightly mismatched lattice constants which can create their own strains across a
coherent interface. In order to ensure coherency there would need to be a shortening of the lattice
constant in one layer (Cu) and a lengthening in the other (Ni). This would lead to a stronger shift
of the Cu peak to the right than the Ni peak (which is only slightly shifted from the reference
pattern). The strong shift in the Nb peak could be due to the overall tensile stress in the film or
could be additional stresses in the individual Nb layers as a result of the deposition conditions. The
strong peak seen at approximately 26= 70° belongs to the single crystal Si substrate, a minor shift
is also seen at this peak from the reference value, which could be due to either stresses caused by
the thin film or from being slightly off planar due to bowing or small defects on the bottom surface.

As-deposited Cu-Ni/Nb alloy films were also inspected using XRD to compare structure
and intrinsic stress to the tri-layer films (Figure 3-3). The 30 nm film shows two distinct peaks,
one from the Nb layer and the other from the Cu-Ni alloy. Once again, the third peak in the scan
is the second diffraction peak belonging to the Nb (220), which is often seen in highly textured
samples. The Cu-Ni alloy peak is also shifted slightly to the right of the reference peaks, once
again indicating a slight tensile stress in the film. These films also show significant peak
broadening in the Nb layer while only a slight broadening in the Cu-Ni alloy. Since the CuNi alloy
layer is twice the thickness of the Cu or Ni layers in the tri-layer film, the observed crystallite size
can also be twice that of the tri-layer films leading to less peak broadening. The two alloy films
have a remarkably consistent microstructure with similar texture, though different amounts of peak

broadening which results in less peaks in higher 20 angles for the 5 nm film.
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Figure 3-3. XRD scans of CuNi/Nb bi-layer films with individual layer thicknesses of
5 nm (top) and 30 nm (bottom). Scans show highly textured orientation for both layer

thicknesses with predominately (100) for Nb and (111) for CuNi alloy.

The relative peak ratios for the four different films are summarized in Table 3-1 and will

be used as a comparison to the annealed films, which will help determine the extent of alloying
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which might be occurring in the films. While the ratio for the tri-layer films is not 1:1:1, this relates
both to the degree of texture as well as the thickness of the individual layers. The layer which has
a weaker texture will have a smaller than expected peak intensity even if the overall thickness is
the same. Therefore, these peak ratios are to be used as comparison between alloyed films and the

starting microstructure.

Table 3-1. As-deposited peak ratios of tri-component multilayers.

Cu/Ni/Nb Trilayers Cu-Ni/Nb Alloy
5nm 30 nm 5nm 30 nm
Cu:Ni:Nb
n/a 1:1:0.63 1:0.61 1:0.77
(Cu-Ni:Nb)

3.2.  Microstructural Evolution Resulting from 300°C Anneal

From the wafer curvature results, all four films show a slight deviation from elastic
behavior at a temperature of 300°C with the alloy films showing obvious plastic deformation
beginning as early at 175°C. Since it is unknown what exact mechanism is causing the plastic
deformation at such low temperatures in the alloy films the XRD investigations could possibly
shed light as to whether it is due to grain growth rather than dislocation propagation, grain
boundary diffusion, or creep. While extremely small particles or the formation of a very thin
intermetallic layer would be extremely difficult to see in traditional theta-2theta scans, pronounced
amounts of alloying or intermetallic formation should be visible. For the 300°C annealing

condition, three different annealing times (1 hr, 3 hr, and 12 hr) were investigated to determine if
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there was a peak strengthening change which can be linked to specific microstructural changes in
the film. Due to testing complications, the 30 nm alloy film was not annealed for 3 hours and the

5 nm tri-layer film annealed for 12 hours delaminated before any further tests could be conducted.

3.2.1. 5nm Tri-layer

In general, the thinnest tri-layer film showed a considerable amount of instability under
high temperatures and long annealing times. Even at 300°C, which is on the brink of the plastic
response in the wafer curvature results, the film delaminated from the silicon substrate. Figure 3-
4 shows the XRD scans of the 5 nm tri-layer samples annealed at 300°C, at a range of different
times and compared to the as deposited microstructure. The as-deposited microstructure (top-
black) shows merging of the Cu and Ni (111) peaks due to the extremely small crystallite size,
which can be compared to the layer thickness, and the similar lattice constants (and thus the 26
diffraction angle). For this reason any alloying which occurred during deposition conditions would
be masked by the merging peaks. The second diffraction peak corresponding to the (444)
crystallographic orientation has a much smaller intensity, but the Cu and Ni peaks are further apart
from each other, making the individual peaks a bit more discernable. Even though the peaks are
still merging there are now two separate high points instead of one peak with two shoulders,

making it easier to determine if the Cu and Ni layers are starting to alloy.

Examination of the annealed XRD scans in Figure 3-3 shows the beginning of alloy
formation in the (444) collection of peaks even after only one hour. Since the films were annealed
at a rate of 10°C/min and left to furnace cool, each sample was at an elevated temperature for a

longer time than what it is labeled. As can be seen in the 1 hour XRD scan, there seems to be the
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start an additional peak in between the Cu and Ni (444) peaks, belonging to CuNi alloy (444).
Although there isn’t a distinct peak, the valley seen in the as-deposited sample has disappeared
which suggests the CuNi peak is beginning to emerge. Furthermore, there are two additional peaks:
one just to the left of the Cu peak and the other barely discernible to the left of the strong silicon
peak both of which are a result of annealing and diffusion of the different atoms diffusing into the
neighboring layers. After 3 hours at 300°C the peaks which were seen in the 1 hour sample are
more pronounced. The CuNi (444) peak is now much more distinguished from the Cu and Ni
peaks, showing there is significant amount of alloying as a result of the Cu/Ni layers diffusing.
The ratios of these three (444) peaks is approximately 1:1:1 and assuming the crystallite sizes are
approximately the same, the thickness of the pure Cu, Ni, and CuNi alloy layers are approximately
the same. The peaks to the left of Cu and Si also increased in intensity, indicating larger precipitates
or thicker layers have developed from the increased annealing time. This sample was also annealed
for 12 hours at 300°C but ended up delaminating immediately following being removed from the

furnace; therefore, the XRD data for this condition could not be collected.
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Figure 3-4. Summary of 300°C annealing temperature on the microstructure of 5 nm tri-
layer films, showing room temperature (top), 1 hr (middle), and 3 hr (bottom) annealing
times. The 12 hr annealing time delaminated from the substrate. The peaks which develop

as a result of annealing are highlighted with black arrows in the 3 hr scan.
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3.2.2. 30 nm Tri-layer

The same annealing conditions were applied to the 30 nm tri-layer film and the resulting
XRD scans are shown in Figure 3-4, once again with the as-deposited condition provided as a
comparison. As was discussed previously, the Cu, Ni, and Nb peaks are much sharper and thus the
Cu and Ni (111) peaks are much more distinct, allowing nearly full separation of the Cu and Ni
peaks both in the lower 20 range as well as the secondary diffraction peaks. Examining the 300°C
1 hr annealing condition, the majority of the elemental peaks remain unchanged, though with the
addition of an unidentified peak just to the left of the Si (100) substrate peak, indicating this
annealing condition is not sufficient enough to create large enough NiNb intermetallic or CuNi
alloy layer. Interestingly, the 12 hour annealing condition does not show a significant change in
the XRD scans, with the exception of a substantial decrease in the relative Ni peak when compared
to the as-deposited condition. This shows that while the 300°C annealing temperature is low
enough that changes in the microstructure occur at a very slow rate, over time the multilayers will
indeed begin to alloy and create additional intermetallic layers. Additionally, as the annealing time
increases the amount of internal stress in the film continually increases which can be seen from
the shifts in the peaks compared to the as-deposited structure. The increasing amount of stress in
the longer annealed film is also apparent from the ease at which the film delaminates from the

surface, with some samples delaminating before any tests could be conducted.
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Figure 3-5. XRD scans of 30 nm tri-layer sample annealed at 300°C for 1hr (blue), 3 hrs (red-

data unavailable), and 12 hrs (green) and compared to the as-deposited condition shown in
black.
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The peak ratios for each of the 300°C annealing temperature for the 30 nm tri-layer film is
summarized in Table 3-2, and compared to the as-deposited peak ratios. As the ratio of the
elemental peaks changes there is a high likelihood that some of the initially pure layers have begun
to alloy or create intermetallics, otherwise the peak ratio would remain the same regardless of the
annealing conditions. The Ni (111) peak specifically decreases more than the other two layers
indicating more interactions are occurring with this element and the other two. Since the Ni can
both alloy with Cu to create CuNi and form an intermetallic with Nb, it is difficult to conclude
which is occurring strictly from the XRD measurements. In all likelihood, it is a combination of

both reactions, although the NixNby particles/layers are too small for the resolution of this system.

Table 3-2. Peak ratios of primary Cu, Ni, and Nb elemental peaks in 30 nm tri-layer XRD
scans from different annealing conditions at 300°C.

Annealing Condition Peak Ratio (Cu:Ni:Nb)
As-deposited 1:1:0.63
300°C 1 hr 1:0.96:0.63
300°C 3 hr n/a
300°C 12 hr 1:09:0.63

3.2.3. 5nm Alloy

The CuNi/Nb alloy bilayer films were also annealed at the same temperature and for the
same amount of time to compare with the tri-layer films. Figure 3-5 shows the change in the 5 nm
film microstructure which occurred after the 3 different annealing times and compared to the as-
deposited conditions (top). All three of the annealed conditions show similar peaks which

developed in the tri-layer films at the longer annealing times, most noticeably the (a) peak. Since
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this peak most likely corresponds to the NbNi intermetallic formation, it suggests the alloy films
start forming the intermetallic much sooner than the tri-layer films, either at a lower temperature
or at very short times. Since the Ni atoms in the alloy are already adjacent to the Nb layer on both
sides, the reaction can occur at both interfaces and therefore can interact faster than in the tri-layer
films which have to wait for the Ni to diffuse through the Cu layer in order to reach the second Nb
interface. Since this sample starts as a CuNi alloy the (c) peak which developed in the tri-layer
films will not be observed in the annealed conditions for the alloy films. Examination of the Si
peak in the different annealing conditions in Figure 3-5 suggests that the 3 hr sample was slightly
misaligned since the (100) peak isn’t as strong as in the other conditions even though no
microstructural change would have occurred in the substrate.

The microstructure of this films seems to be fully evolved after 1 hour at 300°C since little
to no change is observed in the peaks with increasing time at this temperature (supported by the
peak ratios summarized in Table 3-3). The extremely sharp peak of unknown origin at 33° seems
to be especially prevalent at the longer annealing time, though since this peak is seen in some as-
deposited samples (5 nm tri-layer, 30 nm tri-layer,) as well as annealed samples it indicates this

peak is most likely not a new phase or alloy/intermetallic.

Table 3-3. Peak ratios of primary CuNi, and Nb elemental peaks in 5 nm alloy XRD scans
from different annealing conditions at 300°C.

Annealing Condition Peak Ratio (Cu-Ni:NDb)
As-deposited 1:0.61
300°C 1 hr 1:0.54
300°C 3 hr 1:051
300°C 12 hr 1:0.49
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Figure 3-6. 5 nm alloy film annealed at 300°C for a range of annealing times. A slight
peak (highlighted with black arrow) is already observed in the as-deposited condition in
between the Nb and CuNi peaks; however the intensity of this peak increases as annealing
time increases. An additional unidentified peak near the Si (100) peak is observed in the

annealed films which is not present in the as-deposited condition (top).
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3.2.4. 30 nm Alloy

Finally, the 30 nm alloy was annealed under the same conditions, with the exception of the
3hr annealing condition. The corresponding XRD scans are shown in Figure 3-6, once again
including the as-deposited scan included for a direct comparison to the annealed samples. While
there does not seem to be any drastically obvious change in the microstructure, there does seem to
be a faint peak (highlighted with the black arrow), which results in a shoulder on the left side of
the Nb peak. While the peak isn’t as prominent in the 12 hr anneal condition, the asymmetry in the
Nb peak is still there. To further prove the development of a new alloy, Table 3-4 shows the peak
ratios of the CuNi:Nb peak. As the annealing time increases, the relative intensity of the Nb peak
continues to decrease, indicating some of the Nb which was once as a discrete layer is now being

consumed and changed to another compound, most likely some form of NixNby intermetallic.

Table 3-4. Peak ratios of primary CuNi, and Nb elemental peaks in 30 nm XRD scans from
different annealing conditions at 300°C.

Annealing Condition Peak Ratio (Cu-Ni:Nb)
As-deposited 1:0.77
300°C 1 hr 1:0.71
300°C 3 hr n/a
300°C 12 hr 1:0.72
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Figure 3-7. XRD scans of 30 nm alloy film in the as-deposited (top), and annealed at
300°C for 1hr (middle) and 12 hr (bottom). Increasing intensities of the (a), (b), and (c) peaks

indicates a microstructural change in the film as a result of increased annealing time.
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3.3. Vacuum annealing up to 200°C

As was seen from the wafer curvature results, the alloy films start to deviate from linearity
at a much lower temperature than the tri-layer films. However, it is unknown what process is
behind that first plasticity event whether it is from diffusion, dislocation motion, creep, or grain
growth. Therefore, the different films were annealed at a temperature which was above the
inflection point in the alloy films but below that of the tri-layer films. All films were vacuum
annealed for 3 hours at 200°C at the same heating rate as was used in the 300°C annealing study
followed by a furnace cool back down to room temperature before being removed from the vacuum
furnace.

Figure 3-7 shows the XRD results from this annealing condition with the 5 nm films above
the 30 nm films and the tri-layer films above the alloy films. The tri-layer films show no additional
peaks and no substantial change in peak ratios from the as-deposited condition, indicating no
change in the microstructure of the film, which since the stress-temperature profile remained linear
(elastic response) is not surprising. Whereas, the 5 nm alloy film shows the same peak which
developed in the 300°C annealed films (emphasized with a black arrow in the figure. Since the
additional peaks in the alloy film show the beginnings of a changing microstructure, this indicates
the inflection point observed in the wafer curvature stress-temperature profiles is likely a result of
diffusion and/or the development of a new alloy. Both of these observations indicate that the alloy

films are more susceptible to structural degradation from annealing than the tri-layer films.
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Figure 3-8. XRD scans of 5 nm tri-layer, 5 nm alloy, 30 nm tri-layer, and 30 nm alloy (from
top to bottom respectively) films annealed at 200°C for 3 hours. Additional peaks which are

not present in as-deposited films are emphasized with a black arrow.
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3.4. Microstructural changes after wafer curvature cycles to 500°C and 600°C

As was shown in Chapter 2, all of the films were cycled up to 500°C and 600°C using the
wafer curvature technique under mild vacuum conditions. The stress-temperature profiles suggest
a drastic microstructural change is occurring in the films above 500°C, where a large increase in
stress follows the initial stress drop. The stress drop can easily be attributed to diffusion,
dislocation motion, grain growth or other such relaxation mechanisms; however, the following
increase in stress at a certain point suggest a strengthening in the film as the temperature continues
to increase. The temperature at which this stress increase starts is similar in the tri-layer films
(approximately 475°C). The alloy films show a slightly different behavior where the 5 nm sample
undulates between 375°C and 500°C before the last stress increase at 550°C; whereas the 30 nm

sample shows a slow stress increase after 200°C up until 550°C.

XRD scans of these films are shown in Figure 3-8 (500°C) and Figure 3-9 (600°C), though
the 5 nm tri-layer film delaminated before scans could be performed. After the 500°C anneal it is
apparent that a change is beginning to occur in the Cu and Ni layers of the tri-layer film. What
were once distinct peaks in the as-deposited condition are now starting to merge either via diffusion
(creating CuNi alloy) or changes in relative stresses of the layers bringing them closer to one
another. The 30 nm alloy films doesn’t show a drastic change in the XRD profile from the as-
deposited condition except for the emergence of a very broad peak just to the left of the Nb peak,

likely the first signs of a very thin NixNby layer.
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Figure 3-9. XRD measurement of films annealed at 500°C using the wafer curvature
technique. Tri-layer films show an obvious change from the as deposited condition, where

Cu and Ni peaks are no longer distinct but start to merge into one large peak around 43°.

As is immediately apparent from the 600°C anneal condition, the 5 nm alloy film shows a
drastically different signature than those previously reported with the emergence of numerous
peaks between 2theta 30°-50°, most likely due to formation of NixNby intermetallics with NisNb
being the most probable. The possibility of oxide formation is also highly likely, though an exact
match for these peaks was not obtained. The 30 nm tri-layer film does not show any obvious new
peaks; however, the majority of the Cu and Ni layers have alloyed with only a small amount left
as a distinct layer.
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Figure 3-10. XRD scans of films which have undergone once cycle up to 600°C. The 5 nm tri-
layer film developed so much residual stress in the film, it delaminated from the substrate

and consequently XRD scans were impossible to perform.
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CHAPTER 4 : Determining Extent of Alloying and ldentifying Precipitates

Due to the small length scales that naturally govern nano-scale metallic multilayers, one of
the most effective ways to investigate the individual layers and interface structure is using
transmission electron microscopy (TEM). In this way, the microstructure of the individual layers
can be determined including grain sizes, interface sharpness, crystal orientation, dislocation
content, etc. Since the governing models used to predict the strength of these materials assumes
the intrinsic strength is from the layer thickness as opposed to grain size, it is necessary to verify
that the lateral grain dimensions are larger than the individual layer thickness. Otherwise, the
deformation behavior would not follow the expected trend, leading to unexpectedly high strengths.
The interface structure also plays a crucial role in NMMs and depending on its planarity and
orientation relative to the neighboring layers, can have a profound effect on the strength properties
and deformation behavior. Even incoherent interfaces can resist interface sliding if they are
mechanically pinned due to sliding along rough interfaces. Therefore a thorough knowledge of the
microstructure and interface structure of these NMM films is essential for a full understanding of
the deformation and strengthening mechanisms.

Using this technique, the annealed microstructures of the 30 nm films were examined at
two different annealing conditions: 300°C for 12 hrs and 500°C which was a result of one of the
wafer curvature experiments. The majority of the TEM samples were prepared by FIB cut-out
method creating thin lamellae samples which are then placed on a Cu grid to put into the TEM.
Most of the samples were investigated using a JEOL 2200FS TEM/STEM operated at 200 keV.
While the 30 nm alloy as-deposited condition was prepared using traditional cross-sectional

preparation and examined using a Philips CM12 TEM operated at 120 keV.
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4.1 As Deposited Microstructure

The as-deposited microstructure of each of the 30 nm films for the tri-layer sample is shown
in Figure 4-1, using both bright field (top) and dark field (bottom) imaging techniques. Since these
films were deposited using PVVD magnetron sputtering, the Cu and Ni layers have the potential to
deposit epitaxially given their similar crystallographic structures and close lattice parameters;
however, re-nucleation is also possible. This particular sample shows evidence of both epitaxial
(leading to a coherent interface) grains as well as re-nucleation (likely incoherent or semi-coherent
interface). Examples of epitaxial grains are outlined in the figure with red boxes while examples
of re-nucleated grains are outlined in blue, showing no significant preference to either epitaxial
growth or re-nucleation. However, since this is only a small glimpse of the entire structure of the
film a more extensive study would be required to determine the actual ratio of renucleated grains

versus epitaxial growth.

The grains in the individual layers (though hard to determine in the Nb layers) have
diameters similar to or greater than the layer thickness, indicating the intrinsic size in these layers
is actually the layer thickness as opposed to the grain size. This is important when considering the
governing strengthening mechanisms, since confined layer slip (CLS) would only be dominant
when the grain diameter is larger than the layer thickness which will allow the single dislocations
to bow along the interface. As can be expected, both the Nb/Ni and Nb/Cu interfaces are incoherent
and grew via re-nucleation. The layers in this film also show substantial waviness and roughness.
This is particularly noticeable in the bright field image where the Nb and Cu interface isn’t sharp
as shadows of different parts of the grain are visible though they are not visible in the STEM image.
Based on the STEM dark field image, the layer thicknesses of Cu, Ni, and Nb were measured to

be 30, 30, and 30 nm respectively.

70



200 nm

Figure 4-1. Cu/Ni/Nb tri-layer as-deposited microstructure observed with bright field (top)
and dark field (bottom) STEM imaging. The Cu/Ni interface shows some areas which appear

to be coherent (outlined in red), while there are also other places which do not seem to be

coherent (outlined in blue).
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The as-deposited bright field image of the 30 nm alloy film is shown in Figure 4-2, which
includes labels of the individual layers. The first noticeable difference in these films is the presence
of a large number of growth twins in the CuNi alloy layer which have nanometer scale spacing
and would result in much higher strengths than what is predicted from the CLS model.
Additionally, the majority of the CuNi grains show columnar growth with grain diameters smaller
than the layer thickness. This would lead to deformation mechanisms in the CuNi alloy layer which
do not follow the CLS model, but rather that of a nanocrystalline material. Once again, as is
expected, the CuNi and Nb films grow via renucleation due to the out of plane preferential growth
of (110) for Nb and (111) for the CuNi alloy (as was seen in the XRD scans of the as-deposited

films in Section 3.1).

Similar to the tri-layer films, the layers are slightly wavy and have a mix between columnar
and equiaxial growth patterns leading to rough interfaces which can actually aid in the stability of
the multilayers due to mechanical constraints, lessening the layers’ ability to slide freely and thus
increasing the film toughness. Ledge and step imperfections in the layers could also lead to an
increase in the yield strength of the film due to the additional barrier to slip transmission as was
modeled in Cu/Nb multilayer films [71]. While the study did not look into the effect on interfacial
sliding, it does suggest that interfacial imperfections lead to a certain amount of strengthening as
well as areas of stress concentration, which allows for easier dislocation nucleation in the Nb layer
leading to reduced strength. Due to these competing mechanisms, the extent of strengthening
versus weakening of the multilayer system as a whole is difficult to predict if strictly considering
dislocation transmission and nucleation. A more extensive study in the effect of surface roughness

on the toughness of these multilayer films is desirable.
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Figure 4-2. Bright field TEM image of 30 nm Cu-Ni/Nb alloy as-deposited microstructure.

Cu-Ni alloy layer has a large density of twins with grain sizes equal to or smaller than the
individual layer thickness, which would lead to higher strengths than those suggested by the

CLS model.
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4.2 300°C 12 hr Annealing Condition

After both 30 nm films were annealed at 300°C for 12 hours, lamella for TEM
investigations were made using a Tesca Lyra Focused lon Beam (FIB) lift-out technique. The 12
hour annealing condition was chosen over the one hour and three hour conditions because it allows
ample time for all temperature induced changes to occur in the films. Since the majority of the
changes in the microstructure will be due to diffusion of the different elements causing new
alloy/intermetallic formation, and temperature is the strongest influence on the diffusion rate,
microstructures of the films at the same temperature should be very similar while films annealed
at different temperatures could be much different. Additionally, since both films were annealed in
the same vacuum chamber, the annealing conditions are identical and any difference in the
microstructure is strictly due to the differences between having a CuNi alloy instead of discrete

Cu and Ni layers.

4.2.1 30 nm Tri-layer

The high resolution bright field and dark field STEM images of the 30 nm tri-layer sample
annealed at 300°C for 12 hours is shown in Figure 4-3. An obvious change at the interface is
observed which is likely due to the formation of a very small layer of NbxNiy intermetallic;
however, could also be due to diffraction fringes from a rough interface or increased dislocation
content. Interestingly, this is observed at both the NbxNiy interface as well as the Nb/Cu interface
which suggests that the Ni is diffusion through the Cu layer to react with Nb at the Cu/Nb interface.
While this is not necessarily surprising, the Cu an Ni layers are still mostly chemically distinct as

could be seen in other TEM sections as well from the XRD scans reported previously. Therefore,
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the Cu and Ni layers do not fully alloy but Ni can fully diffuse across the Cu layer to react with

Nb and create a very thin NbxNiy intermetallic layer.

50 nm
|

Figure 4-3. Bright field (top) and dark field (bottom) TEM images of 30 nm tri-layer film
annealed at 300°C for 12 hrs. The presence of a 2-3 nm thick NbNi intermetallic layer is
observed on both sides of the Nb layer.
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4.2.2 30 nm Alloy

The 30 nm alloy 300°C condition was prepared for TEM observation in a similar manner
as the other samples but was lost during transportation before any images could be recorded. Future
work will include making a new sample to examine and compare to the 30 nm tri-layer annealed
under the same conditions. Until then, it is assumed that the microstructure will follow a similar
pattern as the other samples, with NbxNiy layers on either side of the Nb layer which is brought
about by the increased diffusion at the elevated temperatures. This intermetallic formation is also
observed in the 500°C annealed condition which will be discussed in the following section. The
thickness of the intermetallic formation between the alloy and tri-layer samples will be interesting
to compare, whether the alloy allows for greater NbxNiy formation due to the larger concentration
of available Ni at the interface, or if enough Ni is readily diffused through the Cu to make it

approximately the same reaction rate.

4.3 500°C Wafer Curvature Annealing Condition

As will be discussed in the next chapter, an additional increase in hardness of these films
is seen when they are annealed up to a temperature of 500°C using the wafer curvature technique,
which only used a 10 second hold at 500°C but had the same heating and cooling rate as those
annealed in the vacuum furnace. While there might still be some additional microstructural
changes that could occur with a longer hold at the peak temperature, since temperature is the

controlling factor in diffusion, the majority of the change has likely already occurred.
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4.3.1 30 nm Tri-layer

Figure 4-4 shows the dark field image of the 30 nm tri-layer film heated to 500°C, with an
much thicker layer (when compared to the 300°C 12 hr condition) on either side of the Nb layer.
Additionally, the majority of the Cu/Ni interfaces are no longer visible, either suggesting the
disappearance of the interface by full alloying, or at very least a substantial diffusion gradient is
expected, especially given the increased CuNi alloy peak seen in the XRD results. Nevertheless,
the possibility that this section of the film is predominantly epitaxial growth cannot be ruled out.
Going with the assumption that the Cu/Ni interface has disappeared as a result of CuNi alloy
formation, the structure of the film is now much more columnar and would not have the added
benefit of the coherent interface. Additionally, the grain size of these new “alloy” grains is now
less than the layer thickness of the samples which makes the CLS deformation less likely to
accurately describe the strengthening mechanism. While this won’t be the largest controlling factor
of determining the change in strength as a result of annealing, it should be considered to have some

effect on the hardness of these annealed films.

While the NbxNiy layer is once again seen on both sides of the Nb layer, the relative
thicknesses of each is difficult to determine from this scan; however, the thicknesses look to be
approximately the same regardless of the original interface. Therefore, enough Ni is able to diffuse
through the Cu layer to not be the rate limiting factor of this NbxNiy formation. Since the
intermetallic layer in the 300°C annealed sample was not thick enough to verify for sure whether
or not it was due to a new layer forming or was the result of diffraction from other means, the
presence of this thicker layer suggests that it actually was the very beginnings of NbxNiy growth.
EDS scans of the different annealed conditions will further support this theory and will be

discussed in the next section.
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Figure 4-4. Bright field (top) and dark field STEM (bottom) of the 30 nm tri-layer film

annealed using the wafer curvature method to 500°C. A new layer is clearly seen on both
sides of the Nb interface indicating Ni is diffusing through the Cu layer as well as reacting at

the Nb/Ni interface.
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4.3.2 30 nm Alloy

The 30 nm alloy film which also underwent the temperature cycle up to 500°C during the
wafer curvature investigations is shown in Figure 4-5, once again with obvious NbxNiy formation
on both sides of the Nb layer. In this image, it is quite apparent that both layers are of approximately
the same thickness, although since the transition between the intermetallic to Nb and CuNi layers
is not a sharp interface, the exact thickness is hard to determine. Measuring 10 different places
along this scan suggests that range in thicknesses of this NbxNiy ranges from 7-12 nm. This also
results in thinner Nb and CuNi layers which would lead to increased hardness and will be discussed

more in Chapter 5.

" .50 nm

Figure 4-5. STEM dark field image of 30 nm alloy film annealed at 500°C during the wafer
curvature experiment. The NbxNiy layer which forms on either side of the Nb is of equal

thickness, approximately 7-12 nm thick.
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Surprisingly, the CuNi grains show a similar structure as was seen in the as-deposited films
with significant twinning and grain sizes smaller than the layer thickness and a mixture of equiaxial
and columnar growth. While grain growth is generally expected during annealing, there does not
seem to be any evidence of significant grain growth in these films, either stabilized by the fact that
they are solid solution alloys or confined from significant growth by the Nb and intermetallic
layers. In any case, any softening which would have resulted from an increase in grain size in these

layers will not be observed.

4.4  Energy-dispersive X-ray Spectroscopy

Annealed films were examined using Energy-dispersive X-ray Spectroscopy (EDS) to
determine the relative concentration of an element across the interfaces. This method is crucial in
determining potential alloying and in verifying intermetallic formation as a result of the annealing
conditions applied during this study. The lines scans were conducted at 200keV and a resolution
of 2 nm, across both the Cu/Nb interface as well as the Nb/Ni interface for the three annealing
conditions previously discussed. Since the FIB lamellae are attached to Cu grids for transportation
and ease of handling, there is a low Cu signal as the background in all of the scans which should
not be misconstrued as being a signal from Cu diffusing into the different layers as a result of
annealing. Most importantly, the slopes of the intensity profiles will be able to give us some idea
of the alloying which is occurring in the films. The sharper the change from one element to another,
the less alloying/intermetallic formation is occurring. However, due to the apparent roughness of

the interface and the thickness of the cross-section, the precise amount of alloying is difficult to
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quantify. Therefore, this method is used as a qualitative measure to determine the extent annealing

affects the microstructure of these two different multilayer systems.

4.4.1 30 nm Tri-layer

The 30 nm tri-layer film annealed at 300°C for 12hr was examined using EDS across all
three layers with the resulting STEM image and elemental intensities along the line scan shown in
Figure 4-6. The line scan begins and ends in the Nb layer with different intensity levels for the two
NDb layers due to the different thicknesses of the layers from FIB polishing. This is also the reason
all of the layers show an increasing intensity as the scan travels from the top to the bottom of the
section. As was mentioned previously, there is a baseline Cu signal from the Cu grid that should
not be contributed to alloying and is in fact present at all times. Since Cu and Nb are completely
immiscible under normal conditions, if Cu were present in the Ni layer via alloying, there would
be a larger relative Cu intensity in the Ni layer when compared to the Nb layer. This is not the case
in this annealed sample. The same Cu baseline is present in both Nb and Ni indicating little, if any,
alloying of the Cu and Ni layers. Interestingly, the regions surrounding the interfaces are still
relatively sharp specifically the Cu-Ni interface. Since these two materials are completely miscible
at all temperatures and have similar crystal structures and lattice parameters, one would have
predicted a significant amount of alloying was likely to occur as a result of annealing at 300°C for
12 hours. However, as the EDS and XRD results have proved, these layers remain stable at this
annealing condition. The Nb-Ni interface shows a bit more of a slope in both elemental peaks;

however, not to the extent that immediately points to intermetallic formation.
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Figure 4-6. EDS line scan (bottom) of tri-layer film annealed at 300°C for 12 hours with the
accompaning STEM image (top) showing gradual slopes on either side of the Nb layer for all

three elements which is likely due to changing film thickness as a result of FIB polishing.
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Most interestingly, the Cu-Nb interface show both a gradual slope in the Cu and Nb
elemental intensities (most likely due to the roughness of the interface) as well as a slight increase
in the Ni peak right at the interface. While the former is not necessarily surprising, the increased
Ni peak is quite unexpected considering the apparent lack of Ni in the Cu and Nb layers. A closer
examination of the Cu-Nb interface is shown in Figure 4-7, including the STEM dark field image
with the accompanying EDS line scan starting in the Cu layer and ending in the Nb layer. These
scans were also run at 200kV and at a resolution of 0.5 nm. As was seen in the larger scan which
spanned across both interfaces, the Ni intensity increases significantly across this interface,
reaching almost the same intensity as the Nb layer. This strongly suggests the presence of a NbxNiy
intermetallic which has started to form as a result of annealing. Given the relative intensities right
at the interface, the most likely intermetallic is NbeNi7, although the possibility of NbsNi is also
highly likely, especially as the Ni concentration decreases further from the interface. However, the
exact nature of the new layer is difficult to determine using XRD since the intermetallic layer
thickness is only on the order of a few nanometers, too small for the resolution of the XRD source
used. In order for the Ni to reach the Cu-Nb interface, the Ni atoms must diffuse through either the
Cu or Nb layer to the interface. Since Ni easily diffuses into Cu it is very probable that the Ni is
able to diffuse completely through the Cu layer to react with Nb. Additionally, since the Nb and
Ni would immediately react to form intermetallics before allowing the Ni to fully diffuse across
the layers, it is most likely the Ni diffusing through the Cu layer but preferentially forming the

NixNby intermetallic rather than staying in solid solution.
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Figure 4-7. Higher resolution EDS scan (bottom) with complementary STEM image (top)
showing scan line of the tri-layer sample annealed at 300°C for 12 hours. This particular

scan focuses on the Cu-Nb interface, showing an obvious Ni enrichment at the interface
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indicating Ni is diffusing through the Cu layer to interact with Nb.
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A close up examination of the Nb-Ni interface shows a more detailed look at the diffusion
of Ni into the Nb interface. Figure 4-8 once again includes the STEM image which correlates to
the EDS line scan shown in the bottom of the figure. As was seen in Figure 4-6, the Ni signal
gradually increases as the thickness of the cross-section increases, which can mask the actual
amount of Ni which diffuses into the Nb layer. However, this depends how drastically the thickness
increases along the 20 nm line scan. The Nb signal also shows a very shallow slope from the peak
intensity which is stable across the layer to no signal, spanning approximately 4 nm. The gradual
slope could be caused from: increasing thickness of the sample, roughness of the layer, or diffusion
of the elements and intermetallic formation. As the layer thickness increases the volume of material
being sampled increases, thereby increasing the relative amount of Nb, even if the interface is
perpendicular to the beam. Alternatively, if the interface is not sharp or is not perpendicular to the
incident beam, the EDS scan will also show sloped signals for the two different layers. Lastly, if
the sample thickness does not change significantly along the line scan and the interface is both
sharp and perpendicular then the slopes are actually due to diffusion of the elements and likely the
formation of an intermetallic. Since the portion of the line scan surrounding the interface which
shows sloping elemental signals is only about 4 nm in length, the likelihood of the thickness of the
film changing significantly across this small distance is small, the first option is least likely. The
roughness of the interface however could change enough across the 4 nm to cause the sloping seen
in the line scans. Therefore, while the sloping EDS signal is not irrefutable proof that a NbxNiy
intermetallic actually exists at this interface, there is also no proof that the intermetallic doesn’t

exist.
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Figure 4-8. Higher resolution EDS scan (bottom) with complementary STEM image (top)
showing scan line of the tri-layer sample annealed at 300°C for 12 hours. This particular
scan focuses on the Ni-Nb interface, showing a gradient in the Nb and Ni layers
approximately 6 nm wide.
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One way to determine if the signal is more due to interface roughness or diffusion would
be to scan additional sections on the sample and see if the same slope is seen in other parts of the
film. Since the roughness and alignment of the interface will be different in different parts of the
film, if the sloping in the intensities remains the same, it is likely due to intermetallic formation
rather than merely interface roughness. Additionally, EDS line scans of the as-deposited condition
will be able to tell us if this sloping interface occurs regardless of the annealing condition. These

tests will be the focus of future investigations.

The difference between the two different annealing temperatures on the 30 nm tri-layer
film can be seen from Figure 4-9 which shows the film after being annealed at 500°C. The EDS
line scan across both interfaces shows a similar trend as the 300°C 12 hr annealing condition with
the exception of significantly more Ni presence in the Cu layer. Additionally, there is a substantial
presence of both Cu and Nb in the Ni layer. This could possibly suggest a complex tertiary alloy
of unknown composition, or a mixture of CuNi and NbxNiy alloys, though exactly which
combination it is would be very difficult to determine using the EDS technique. Focusing on the
Cu layer, it is obvious the amount of Ni present in the layer is substantially more than was observed
in the 300°C 12 hr condition. The ratio of Cu:Ni in the Cu layer ranges from 5.5:1 to 3.3:1 as the
scan moves closer to the Nb interface, with the intensity of the Ni increasing while the Cu intensity
decreases slightly. Once again, the Ni intensity increases right at the Cu/Nb interface with twice
the number of counts at the interface as is seen in the middle of the layer. Finally, the Ni layer once
again shows a gradual Nb content decreasing from the Nb-Ni interface, indicating a substantial
amount of diffusion is occurring. Since the Nb layer count is level along the entire thickness, it is
safe to assume the concentration gradient is not a result of changing cross-sectional thickness but

is actually representative of a diffusion gradient.
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Figure 4-9. EDS line scan (bottom) of tri-layer film annealed at 500°C during the wafer
curvature experiment with the accompaning STEM image (top) showing gradual slopes of
the various element indicating substantial diffusion in the sample, creating CuNi and NbxNiy

alloys.
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4.4.2 30 nm Alloy

The 30 nm alloy sample annealed at 300°C was damaged during sample preparation and
there is no way to compare the alloy and tri-layer systems for this temperature; however, the 500°C
annealed conditions can be compared. Figure 4-10 shows the TEM image and accompanying EDS
line scan for the 30 nm alloy film annealed to 500°C. Since the FCC layer in this film started as a
CuNi alloy, the apparently equal amounts of Cu and Ni intensities (when negating the extra signal
from the Cu TEM grid) is expected. However, right at the interface between the CuNi layer and
the Nb layer, there is an oversaturation of Ni which exceeds the Cu signal despite the extra signal
from the TEM grid, indicating there is additional Ni at the interface, which was also seen in the
tri-layer films. This leads to additional Ni depletion in the CuNi alloy which is slightly visible in
the CuNi alloy signal, the Ni element slowly decreasing while the Cu element increases at the same
time. The Cu signal increasing can easily be due to slight changes in the thickness of the cross-
section from polishing; however, the Ni signal would have to increase at the same rate, which it
does not. There are also significant sloping of the signals near the interfaces, with Cu and Ni
sloping at approximately the same rate which suggests some of the gradient is strictly due to
interface roughness as opposed to purely diffusion. However, if the TEM grid signal is subtracted
from the Cu, the portion of the Cu in the Nb layer is much lower than the Ni signal. This is also
apparent when comparing the length of the segment which is flat, indicating no Cu atoms present
except those excited from the TEM grid; the Cu segment spans approximately 35 nm whereas the
Ni segment is only 15 nm. Additionally, the Nb slope spans about 15 nm on either side of the peak

from the Nb layer, indicating substantial diffusion into the alloy layer.
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Figure 4-10. EDS scan of 30 nm alloy film annealed up to 500°C during the wafer curvature
experiment. In this case, the Cu (blue) and Ni (red) are in solid solution and Nb (green) is its
own distinct layer. Notice the enhanced Ni signal at the interface, despite the additional

background Cu signal from the TEM grid.
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The tri-layer sample shows a similar slope at the Ni interface, however only spans
approximately 10 nm and only about 4 nm at the Cu-Nb interface which is due to the intermetallic
formation or interface roughness as opposed to diffusion into the Cu layer. Therefore, a greater
amount of Nb has diffused into the neighboring layers in the alloy film than in the tri-layer film,

which is reflected in the nanoindentation data as will be discussed in the following chapter.

A higher magnification image of this film is shown in Figure 4-11, which focuses more
closely on a single interface. As was seen in the previous figure, but is shown more obviously here,
the Ni signal exceeds that of the Cu signal right at the interface, especially if the Cu grid
background is subtracted from the Cu signal. Additionally, the 12 nm slope of the Nb signal is
much more apparent at this scale than in the previous image while the Ni signal also has a slope
spanning about 5 nm. The Cu signal also has a small slope spanning about 2-3 nm which could be
strictly due to the roughness of the interface. In any case, the amount of diffusion of the Ni and Nb
atoms exceeds that of the roughness of the interface reducing the layer thickness to less than the
original as-deposited condition, which should lead to strengthening of the film. Furthermore, the
addition of an intermetallic layer, which is stronger than the pure elements, will add to the strength
of the overall composite beyond that of a reduction in layer thickness. All of which will be

discussed in the next chapter.
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Figure 4-11. Higher resolution of EDS scan specifically across the Nb-Ni interface showing a
distinct region of NbxNiy alloy with varying concentration (between 12 and 22 nm along the
scan line). The intensity of the Ni signal exceeds that of the Cu close to the interface, especially

when the Cu signal from the TEM grid is taken out of consideration.
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CHAPTER 5 : Nanoindentation for Determining the Effect of Different

Annealing Conditions on Hardness

As has been mentioned previously, most multilayer films will decrease in strength due to a
layer structure breakdown, either by diffusion and alloying, spherodization, or triple joint
formation, depending on the chemistry of the different constituents. In contrast, previous
investigations on the present system indicated there is a significant increase in strength after
annealing [60]. In the Cu/Ni/NDb investigation it was hypothesized that the Ni-Nb interface could
be creating intermetallic precipitates along the boundary due to subtle diffusion from annealing,
though no direct evidence was provided until the present study. The intermetallics would then
provide an additional strengthening in the form of precipitation strengthening, enhanced multilayer
strengthening (CLS mechanism) from further reduction of the individual layer thickness, as well
as purely from the addition of a strong intermetallic which was not present before annealing. Since
a more extensive annealing investigation was conducted during this study, the effect of both
different temperatures and different annealing times on the room temperature hardness of the

multilayers could be determined.

5.1 As-Deposited Strength of NMM films

In order to determine the starting strength of these films, nanoindentation was conducted
on the as-deposited films using a Hysitron Triboindenter at the Erich Schmit Institute in Leoben,
Austria. All films were indented using a load controlled trapezoid load function with a
loading/unloading rate of 300 uN/s and hold time of 10s. A 5s drift check at about 10% of the

maximum load was also added to the unloading segment. The maximum load applied (4000 uN
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for 5 nm layers and 3000 puN for 30 nm layers) was changed to get approximate contact depths of
100 nm. Table 5-1 summarizes the as-deposited mechanical properties of each of the films
including one standard deviation from the mean, indicating the relative spread in the values

resulting from different local roughness in the film or subtle changes in drift rate.

Table 5-1. As-deposited modulus and hardness of the different films used in this
investigation.

Sample As-deposited Er (GPa) As-deposited H (GPa)
5 nm Alloy 160.40 £ 9.8 6.06 £ 0.48
5 nm Tri-layer 14499 + 8.1 5.41 +0.37
30 nm Alloy 169.29 £ 18.3 4.64 £0.30
30 nm Tri-layer 158.71+ 14.8 456 +0.18

As can be seen from the table, all of the modulus values are approximately the same value,
with the alloy films only being slightly more than the tri-layer films. A similar modulus is expected
for these films since they all have the same volume fraction of constituents; therefore, the slight
difference in the modulus could be a result of slight substrate effects which would be more visible
in the thinner alloy films. The most noticeable difference is the higher strength of the alloy films
when compared to the tri-layers. The additional solid solution strengthening which is occurring in
the CuNi alloy layer is adding to the overall hardness of the film, with hardness values increasing
by 7% for the 30 nm layer thickness and 17% for the 5 nm layer thickness. This suggests that solid
solution strengthening of two constituents is more effective at increasing the strength of the film
than the addition of a coherent interface. Finally, as is theoretically expected from the CLS
deformation model, the hardness of the 5 nm multilayers is higher than the 30 nm layers in both

material systems.
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5.2  Annealing Effect on Strength

All annealing conditions were indented using the same loading conditions and indenter
tip as the as-deposited samples. Changes in hardness due to different annealing times and
temperatures were examined and are summarized in Figure 5-1 and 5-2, respectively. As was seen
in previous investigations the hardness of all the films increases as the annealing conditions also
increase. Specifically focusing on annealing time dependence (Figure 5-1), it is apparent that even
at a moderate annealing temperature (Th(Cu) = 0.28) causes an increase in the hardness values for
each of the films. Interestingly, annealing these films for 1 hour actually resulted in a significant
drop in strength which was not expected and does not hold with the general trend. However, since
the modulus of all of the films also drops by approximately 20 GPa, it is likely that this apparent
softening in all of the films is due to experimental error rather than an actual physical softening in
the film. This annealing condition will be retested at a future date. Increasing the annealing time
to 3 hours causes substantial hardening in all of the films (although the 30 nm alloy film was never
annealed at this condition), indicating the mechanism behind increase in hardness is actually
occuring. This strongly hints at a time dependent strengthening mechanism, likely due to diffusion
of the different elements. The films were then held at 300°C for 12 hours in an attempt to reach a
saturation point which would lead to a plateau in the hardness values of the films. The 5 nm tri-
layer film delaminated after annealing for this long and thus could not be indented to determine if
a hardness plateau had been reached. The remaining films however showed an interesting trend.
Both the 30 nm tri-layer film and the 5 nm alloy film actually showed a decrease in hardness when
compared to the previous annealing condition. While this is not completely unexpected from the
5 nm alloy film where layer degradation can easily occur (though unproven at this point), the

hardness drop in the 30 nm tri-layer film was both unexpected and not obviously explainable by
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the XRD and TEM investigations reported previously. While there is still an overall strengthening
in the film when compared to the as-deposited condition, the drop in strength when increasing the
annealing time beyond 3 hrs is difficult to explain without accompanying TEM images of the 3 hr
annealing condition. The XRD scans of the 30 nm tri-layer film annealed at 300°C for 12 hours
showed very little change from the as-deposited condition, with peak ratios remaining remarkably
consistent regardless of the annealing condition. Since very small particles or very thin layers
generally are not capable of being resolved by the XRD method, the lack of a change does not
necessarily mean that thin layers of NbxNiy do not exist. Since the hardness of the films obviously
increases with increasing annealing time, the hardening mechanism points to a method that cannot
be detected using XRD. However, the TEM images for the 30 nm tri-layer film annealed at 300°C
12 hr annealing condition (See Section 4.2.1 and 4.4.1) suggest that there actually is a
microstructural change from annealing, presenting itself as a very thin (2-3 nm) NbxNiy layer at
both the Nb-Ni and Cu-Nb interface. Presumably, this thin layer would also be present in the 3 hr
annealed samples since the hardness increased for these conditions as well.

Since the 30 nm alloy film annealed under this same condition was not able to be imaged
due to an unfortunate catastrophe, a comparison of the amount of NbxNiy which develops during
the same annealing condition cannot be assessed. However, since the 30 nm alloy film shows a
significant hardness increase from the as deposited condition, it is highly likely that a considerable
NbxNiy layer is the root cause. Once again, the XRD scans to do not suggest a very thick layer has
formed but as was pointed out in Section 3.2.4 a slight shoulder on the left side of the Nb peak
does indicate there is a detectible change greater than what is seen in the tri-layer films. Since the
Ni is readily available at the Nb interface in the alloy sample, the initial diffusion of Ni through

Cu does not slow down the intermetallic formation. Therefore, for the same amount of time a
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thicker NbxNiy layer can form at the interface, causing a greater amount of hardening than in the
tri-layer sample. Accompanying TEM/EDS evidence of this is still required and is currently in

progress.
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Figure 5-1. Nanoindentation hardness of both tri-layer and alloy films vacuum annealed at
300°C for 1, 3, and 12 hours and compared to as-deposited film condition. An increase in
hardness is detected for all films, though the relative amounts are different depending on the

type of film.
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The films were also annealed to determine annealing temperature dependence on hardness
at temperatures ranging from 200°C to 500°C (Figure 5-2). The film was annealed at 200°C for 1
hr while the 300°C 3 hr condition is reported since the 1 hr condition did not give reasonable data.
The 500°C and 600°C conditions are from wafer curvature experiments which only had a few
seconds at maximum temperature in an attempt to avoid delamination of the film. Since diffusion
is more greatly affected by the annealing temperature, a general trend using these different
annealing times is still acceptable. From the figure, it is apparent that annealing at 200°C for one
hour does not affect the strength of the film, with the exception of the 30 nm tri-layer film which
drops slightly. In general, as the annealing temperature increases, the hardness of the films also
increase, with the peak occurring at 500°C followed by a substantial drop at 600°C (though still
higher than the as-deposited condition). Comparing to the wafer curvature and XRD scans of these
temperature conditions, it is apparent that a substantial change in the microstructure is occurring
between 300°C and 550°C. The TEM scans of the 30 nm layer films both show a considerable
layer forming at both Nb-X interfaces, consisting mostly of Nb and Ni (NbxNiy intermetallic). The
tri-layer film showed a diffusional gradient about 6 nm wide at this interface while the alloy film
showed a thicker region measuring about 10 nm. Those results suggest that the tri-layer film is
slightly more resistant to microstructural changes at similar annealing conditions because the Ni
has to diffuse through the Cu layer to reach the Nb interface while the CuNi alloy already has
enough Ni at both sides of the Nb to start intermetallic formation immediately. It is likely that at
longer annealing times, the thickness of the NbxNiy layer would be approximately the same
thickness for the two different layers; however, that study has yet to be conducted. Interestingly,
the hardness of all of the films drops at an annealing temperature of 600°C despite the obvious

increase in intermetallics (either particle size or layer thickness) as was seen from the XRD
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measurements. This could be due to a complete breakdown of the multilayer structures (as is seen
in other multilayer films), which would remove the strengthening benefit from this mechanism.

However, further TEM investigations would be necessary to prove this hypothesis.
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Figure 5-2. Nanoindentation hardness of tri-layer and alloy films annealed at different
temperatures: as-deposited, 200°C 1hr, 300°C 3hr, 500°C wafer curvature and 600°C wafer

curvature.

CHAPTER 6 : Conclusions
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The multilayer systems investigated in the current study show a unique strengthening
ability after annealing, which is uncommon for the majority of the multilayer systems currently
being studied in literature. This ability stems from the fact that these multilayers have 3
components with the possibility of creating both solid solution CuNi as well as NixNby
intermetallics, which would inherently change the microstructure of the films by potentially
removing the Cu/Ni interface through solid solution formation, or adding small intermetallic
precipitates or an thin intermetallic layer which is not seen in as-deposited samples. Through XRD,
and TEM characterization, the effect annealing at different temperatures and times has on a tri-
layer Cu/Ni/Nb and alloy CuNi/Nb films was investigated.

Wafer curvature tests for the two different films were also conducted to determine the
relative temperature at which a change in the microstructure is observed. Interestingly, for all of
the films investigated, there are two different stress inflection/reduction points. The first occurs at
around 150°C-200°C and correlates to the initial onset of plasticity and any number of stress drop
processes: dislocation motion, grain boundary rotation, grain growth, or phase change. After this
initial stress reduction the compressive stresses once again increase rapidly which indicates a
strengthening mechanism is occurring as the temperature increases and is most likely due to the
gradual NixNby intermetallic formation. After 550°C, a second stress reduction is observed and is
most likely the point at which significant changes in the microstructure is occurring, possibly due
to layer degradation from spherodization or full alloying/intermetallic formation.

All annealing conditions were examined using x-ray diffraction to determine the relative
change in elemental peak intensities and hopefully observe the formation of new peaks which
would correspond to the specific alloy/intermetallic which is forming as a result of the different

annealing conditions. After annealing at 300°C or higher both the tri-layer films and alloy films

100



showed a change in the peak ratios (compared to the as-deposited condition). As either the
annealing time or annealing temperature increased the relative strength of the Ni peak decreased
indicating more Ni is being converted to NixNby, or even CuNi alloy for the tri-layer samples.
Since no obvious NixNby peaks are observed even while the peak ratios change and the strength
increases, it is most likely that the intermetallics which are formed are on the order of a few
nanometers in length. Since traditional XRD technique is unable to resolve crystallites smaller
than a few tens of nanometers, it is not surprising that no new peaks were observed.

Two different annealing conditions on two different samples were prepared for TEM
characterization; however, only three samples could be characterized. Both 30 nm multilayer
samples at 300°C 12 hr and 500°C wafer curvature annealing conditions were chosen for
microstructural characterization since these two annealing conditions would be the most likely to
show significant intermetallic formation. Through both STEM and EDS methods, a very thin layer
of NixNby was observed in all of the annealed samples on either side of the Nb layer. This layer
was not observed in either of the as-deposited conditions, proving it is a direct result of annealing.
Interestingly, even in the tri-layer sample, the NixNby layer is observed on both sides of the Nb
layer even at the Cu-Nb interface. This observation suggests Ni is diffusing through the Cu layer
without first completely alloying the Cu and Ni layers. Since the 30 nm alloy annealed at 300°C
for 12 hrs was not characterized, the comparative thickness of the NixNby layer between the two
different compositions at this annealing condition could not be determined. However, it is apparent
in the 500°C annealing condition that the alloy film has a thicker NixNby layer than the tri-layer
film, indicating that the tri-layer film is more thermally stable than the alloy film, most likely
because the Ni has to first diffuse through the Cu layer to interact with the Nb at the Cu-Nb

interface.
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Finally, nanoindentation experiments were conducted on all of the annealing conditions to
determine if there is a peak strengthening point in either the annealing time or annealing
temperature. For the 300°C annealing temperature, there seems to be a peak in the strengthening
somewhere between 3 hr and 12 hrs. The decreased strength at 1 hr annealing time is unexpected
and the reason behind the hardness drop is still unverified. Annealing the films at different
temperatures showed an obvious peak in hardness at the 500°C annealing condition which
corresponds well to the wafer curvature observations where the peak compressive stress was
somewhere between 500°C and 600°C.

Overall, the annealing investigation of these tri-component multilayer systems showed an
increase in strength as both annealing time and temperature increased, up to 500°C. This
strengthening is due to NixNby intermetallic formation at all incoherent interfaces: Cu-Nb, Ni-Nb,
and CuNi-Nb. In general, it seems as though the tri-layer film microstructure is more stable than
the alloy film with less intermetallic formation at a given temperature and therefore less relative

strength increase as a result of annealing.
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